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Improvement in CO2 emission and efficiency of power plants calls for an increase 
in the operating temperature of such plants. The structural alloys employed are already at 
their potential limit, which in turn necessitates design of more advanced and efficient 
alloys. Such alloys must have satisfactory performance at high temperature with 
reasonable cost. Therefore, while Ni-based alloys can demonstrate the required response, 
their higher cost compared to their steel counterparts can limit their application. Such 
steels, however, require improvement in high-temperature mechanical strength, as well as 
oxidation resistance. To address the former, we hypothesize that a high density of low-
energy, high-angle boundaries (e.g. coherent twin boundaries) will improve the high 
temperature strength, without significantly sacrificing stability or ductility. To this end, 
conventional 316 stainless steels were thermo-mechanically processed to create a high 
volume fraction of deformation twins in an austenite matrix with low dislocation density. 
The deformation twins were found to be thermally stable up to 800 °C, and in some case, 
they start to disappear at around 1000 °C. This microstructural feature was shown to be 
beneficial in improving the strength of steel at -100 °C to 500 °C temperature range, while 
maintaining an acceptable level of ductility. The enhancement of strength of this structure 
showed a peculiar resistance to increase in temperatures, i.e. the relative increase in yield 
strength increases as temperature is increased. This behavior was found to be a 
contribution of thermally-stable twin bands. This unique structure is also expected to 




strengthening. As for the oxidation resistance, alumina-forming austenitic stainless steels 
have been proposed as a more stable alternative than chromia-forming steels at high 
temperatures. There are a few successful alumina-forming system reports in literature, 
however, they require high levels of microalloying addition, and they were designed 
mostly in an ad-hoc manner. In this work, we developed an alumina-forming austenitic 
stainless steel that was designed to employ thermodynamic and kinetics of oxidation. This 
model also aimed to have the lowest extent of alloying, and to produce the “leanest” 
alumina-forming austenitic stainless steel composition. Short-term and long-term 
oxidation tests demonstrated the capability to form alumina scale. This alloy can be used 
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In the United States almost 80% of the power is produced from fossil fuels [1, 2]. 
This calls for advanced energy conversion systems that are operating at temperatures 
above 700°C in order to boost the efficiency over 50% and reduce fuel burn, which in 
turn, demand state-of-the-art heat-resistant, cost-effective alloys capable of operating at 
these increasingly higher temperatures. This issue poses a significant challenge for 
materials design in terms of high-temperature performance, especially mechanical 
response and oxidation resistance. In addition to these issues, fabrication related issues 
such as formability and weldability must be taken into account as well further down the 
line. Moreover, the majority of the alloys currently in use in power plants are operating at 
their potential limit and any further optimization requires significant advances in the alloy 
design process in a cost-effective manner. 
Among the currently available potential alloy systems for high-temperature power 
plants, ferritic/martensitic stainless steels are rather inexpensive but they do not perform 
well mechanically in the required temperature range. When oxidation and corrosion 
resistance are considered, they exhibit even poorer performance [2]. The best option for 
achieving the desired mechanical response at high temperatures as well as oxidation 
resistance is nickel-based alloys but they are significantly more expensive than steels. 




ferritic counterparts, while being 3-10 times less expensive than Ni-based alloys. This 
temperature range is still not as high as Ni-based alloys, but recent researches show 
promise that the operating temperature of austenitic stainless steel may be increased, 
through enhancing both high-temperature mechanical strength and oxidation resistance 
[3]. 
The improvement in mechanical strength can be basically achieved by creating 
barriers to dislocation motion, diffusion, and creep. The improvement of oxidation 
resistance, on the other hand, is more challenging. One possible pathway to achieve better 
oxidation resistance in austenitic steels is to form protective aluminum oxide scale on the 
surface, as opposed to the chromium oxide that conventionally forms on the stainless 
steels. Alumina scale grows at a lower rate than chromium oxide (Figure 1-a) and is 
thermodynamically more stable than Cr2O3 (Figure 1-b) [4], and offers better resistance in 
more aggressive environments [5, 6], especially in presence of water vapor [7]. 
 
 
Figure 1 a) Growth rate constants of different oxides at different temperatures, b) free 
energy and thermodynamic stability of different oxides at different temperatures, showing 
stability of alumina over other types of oxides for oxidation resistance applications 





The purpose of this work is to study the possibility of employing high-angle low-
energy boundaries, which are stable at high-temperature, to increase the strength of 
austenitic alloys. In addition, alumina-scale formation in custom alloys will be studied. 
The details of the proposed work are presented in the following chapters. The ultimate 
goal of this project is to develop new austenitic stainless steels with high temperature 
strength and oxidation resistance. These steels are expected to increase the operating 
temperatures significantly in power production systems and enhance the efficiency 
noticeably, which ultimately decreases emission and cost. Our hypothesis is that an 
austenitic stainless steel with a high density of low energy deformation twins, having low 
coincidence site lattice (CSL) boundaries, that is capable of forming coherent nano-
precipitates and alumina scale, will be able to increase the operating temperatures of this 
class of materials. This will be achieved through the following chemical and 
microstructural attributes, as schematically shown in Figure 2: 
1) an austenite matrix for high temperature strength and ductility, as well as solid 
solubility of Ni, Cr, Al and other alloying elements in a wide temperature range, 
and relatively low stacking fault energy for promotion of deformation twin 
formation, 
2) high density of low-energy high-angle grain boundaries or nano-twin boundaries to 
enhance strength at high temperatures through impeding dislocation motion 
without sacrificing the ductility, while maintaining their stability at elevated 
temperatures resisting boundary migration and creep, which can be obtained by 




3) nano-scale precipitates, intermetallics and carbides stable at high temperatures to 
increase the strength and thermomechanical stability of the aforementioned 
boundaries, and pinning the boundaries against boundary migration and creep, 
4) formation of alumina scale for oxidation resistance at high temperatures, which 
provides a superior and more stable protective layer on the surface of the alloy as 
compared with other types of oxides, especially the usual chromium oxide on 
conventional stainless steels. 
The conceptual challenge is that any micro-alloying designed to target any of the 
features mentioned above may potentially affect the other desired features adversely. For 
instance, addition of aluminum for promotion of alumina scale that is targeting oxidation 
resistance, stabilizes ferrite over austenite, and increases stacking fault energy, which in 
turn negates the effects intended to enhance the high-temperature mechanical strength. 
These issues will be tackled through processing and microstructure design methodologies, 





Figure 2 Schematic showing the proposed microstructure, consisting of grain boundaries 
and twin boundaries pinned by precipitates, that is expected to improve mechanical 
response at higher temperatures, which when combined with alumina scale formation for 
oxidation resistance, can increase the operating temperature of the alloy. 
 
Our hypothesis is that a steel with specific structural and microstructural attributes, 
namely an austenitic matrix capable of forming mechanical twins and controllable 
precipitates that forms alumina scale, can be used at noticeably higher temperatures in 
power plant applications, with much lower costs than their Ni-base superalloy counters. 
The main challenge is, designing the alloy or the process to target any of these attributes 
will potentially deteriorate the other needed attributes. Therefore, we need to attempt 
finding an optimum design space where each of the attributes is satisfied. Furthermore, 
certain building blocks of our hypothesis has not been validated. As an example, it is not 
known how the deformation nano-twins would influence the high temperature strength of 
austenitic steels, yet alone there is no systematic work, to the best of our knowledge, on 




in an almost dislocation-free matrix. Therefore, one of the significances of this research is 
that here, we will hierarchically dissect the problem / hypothesis into smaller ones and try 
to address them separately, and then we’ll attempt to find out whether it is possible to 
integrate various aspects into one final solution to see if our entire hypothesis, i.e. alumina-
forming and nano-twinning austenitic steels, would come to a fruition. As it will be 
presented shortly, the investigation is divided into two major parts: the mechanical-
response part where the twinnability and twin stability of different alloys in different states 
(single and polycrystals) alongside with their contributions to mechanical strength are 
studied, and the oxidation part where the capability of various new alloys to form 
protective aluminum oxide layer is investigated. We will also utilize unique thermo-
mechanical processing strategies through twinning-induced grain boundary engineering 
(GBE). In addition, our hypothesized alloy will have only the least number of alloying 
elements deemed necessary to form a protective alumina scale, excluding elements such 
as Nb, Ti, V etc. that are present in other current studies in this field. Most of the known 
alumina-forming alloys contain niobium, and some contain titanium or vanadium, as 
constituents required for formation of protective alumina scale. In the proposed work, we 
hypothesize that there might be alloys without these elements forming alumina scale. If 
proven successful, this work can be the baseline of a primary alumina-forming alloy that 
can be used for further alloy design that targets further optimization and attributes, such 
as refractory particle formation for creep resistance. Note that as mentioned above, an 
integral part of designing ultra-high temperature stable austenitic steels is the 




boundaries and suppress creep further. However, the addition of this third design attribute 
further complicates the already challenging problem, therefore, the proposed research will 
focus on the first two parts of our hypothesis, i.e. demonstrating the feasibility of designing 
alumina forming austenitic steels with stable nano-twins. The particle design part and the 
feasibility will be left for future studies. 
Another significance of the proposed work is that it will be aided with 
computational studies for performance prediction. Concurrent to this study, theoretical 
models were employed to predict alumina formation, as well as probability of showing 
deformation twinning. This computational aid offers the potential to significantly facilitate 
the investigation, through predicting and presenting trends in properties, such as ability to 
from alumina in an austenitic structure for different alloys, instead of the conventional 
empirical path. Specifically, ThermoCalc will be applied to predict the phase diagram of 
the custom alloys in order to make sure of the presence of a fully austenitic structure, and 
a thermodynamical model based on the inward diffusion of oxygen and outward diffusion 
of aluminum will be used to predict the formation of alumina scale. 
 
Background 
ASSs are potential materials for use in high temperature power conversion 
technologies due to their lower cost as compared to Ni-based superalloys and their stability 
at high temperatures (up to 700ºC [8]) and pressure (35 MPa and higher). Precipitation / 
dispersion strengthening is commonly employed to increase the creep rupture strength of 




NF709 or Sanicro25 are precipitation strengthened by carbides, nitrides and carbo/nitrides, 
in particular Nb(C,N) and NbCrN [9, 10]. These precipitates are extremely small and 
stable up to high temperatures, usually above 700 °C [11]. However, their number density 
is relatively small as compared to the ’ precipitates in superalloys [12]. For example, the 
density of the ’ particles has been reported to be two degrees of order larger than that of 
Nb-carbonitrides [13-15]. Alloy 800HT consists mainly of Ni, Fe, Cr, and possess high 
creep strength and very good oxidation resistance [2]. ASSs 253MA and 353MA are 
alloyed with nitrogen and rare earth metals [16]. They have high creep strength and very 
good resistance to cyclic oxidation [17, 18], although none of the current alloys have the 
high temperature yield strength required in advanced power generation. 
Similar to carbides and nitrides [19], stable nanoscale intermetallics are also 
beneficial to creep and strengthening as they have been reported to improve the creep 
resistance at elevated temperatures [20-23]. Increased volume fraction of aluminides 
increases the creep resistance of ASSs [24] and Ni3Ti nano-precipitates lead to ultrahigh 
strength levels [25-28]. Ni3(AlTi) was suggested to be a beneficial precipitate due to the 
similar crystal structure and good coherency with the austenite phase [29]. 
In this work, low-energy high-angle twin boundaries as a potential mechanism for 
strengthening will be discussed. Thin deformation or annealing twin formation is pretty 
common in Fe-Mn based austenitic steels due to high interstitial carbon content which 
limits the growth of twins. In ASSs, twinning is not as common as in Fe-Mn-C based 
austenitic steels due to their higher SFEs and small amount of interstitials. In some ASSs, 




Channel Angular Processing (ECAP) [25, 30-33] and High Pressure Torsion (HPT) [34, 
35]. High tensile strength of about 1.6 GPa accompanied with 17% total elongation has 
been reported for ECAP processed 316L stainless steel [31]. However, bulk 
nanostructured steels produced by SPD suffer from both thermal and mechanical 
instabilities [31, 36, 37]. 
To best of our knowledge, very few reports have been published on the thermal 
stability of twins in austenitic steels. It was reported that for twinning-induced plasticity 
(TWIP) steels, nano-twins could be retained after annealing at 625°C for 120s [38, 39]. A 
more recent study showed that after annealing at 700°C for 240s, the microstructure of 
cold rolled Fe–24Mn–3Al–2Si–1Ni–0.06C comprises a mixture of heavily twinned 
deformed grains and dislocation-free recrystallized grains [40-42]. These works indicate 
the possibility of retaining deformation twinning at high temperatures while dislocations 
are recovered. On the other hand, the annealing time in these studies are very short. 
Grain boundary studies have revealed that grain boundary-mediated phenomena 
(grain boundary diffusion, sliding, mobility, precipitation, corrosion, etc.) strongly depend 
on grain boundary structure and character, which can be controlled within the framework 
of GBE [43-49]. The premise of GBE is that low- coincidence site lattice (CSL) 
boundaries are “special” boundaries and increasing their presence in a microstructure 
would improve its fracture/creep/corrosion resistance [43, 50-53]. Most GBE efforts have 
primarily focused on controlling the misorientation distribution through thermo-
mechanical processing (deformation and annealing). When the appropriate processing 




relationship between the grain boundary types and deformation and recrystallization 
textures, one of the methods of GBE is the intentional creation of a texture specified by a 
high density of low- boundaries. Deformation and annealing twinning in low SFE 
materials is the most interesting route to achieve the aims of GBE since twins are a subset 
of 3 boundaries and they have been shown to contribute to improved properties [54-56]. 
Most GBE efforts on polycrystals of low SFE materials have relied on annealing twinning 
[44, 52, 57, 58]. The effect of deformation twinning on the grain boundary network has 
not been studied extensively to date because of twinning usually occurs at low 
temperatures and high strains, and because of complex interaction of slip and twinning. 
Another factor that has prevented the investigation of GBE through deformation twinning 
is the lack of good characterization capabilities at elevated temperature. In the alloys 
studied in the proposed work, twinning will be activated in the absence of large slip 
activity and a Field Emission Scanning Electron Microscope (FE-SEM) with Orientation 
Imaging Microscopy (OIM) and high temperature capabilities with a Transmission 
Electron Microscope (TEM) will be used to characterize evolution of nano-twins at 
elevated temperatures. The purpose of increasing twin interface density is to significantly 
enhance the strength without sacrificing ductility [59, 60]. Since twin interfaces are low 
coincidence site lattice (CSL) boundaries and can have very low boundary energies [61], 
their effect on creep resistance is expected to be minimal. Twinning propensity will be 
increased by reducing the stacking fault energy (SFE) through micro-alloying. Previous 
research has shown that this alloy design strategy is quite effective, particularly in 




to nanometers levels should further increase twin propensity, reduce twin thickness, and 
lead to ultrahigh strength (Figure 3) [30]. The ultimate goal is to increase the high 
temperature stability of these twins by utilizing different strategies to pin the boundaries 
and reduce their energies. In conventional Fe-Mn-C steels, deformation twins are stable 
up to 600ºC for long term heat treatments [64] and up to 700ºC for short term heat 
treatments [38, 43]. 
 
Figure 3 The effect of severe plastic deformation via equal channel angular extrusion 
(ECAE) resulting in grain refinement in 316L stainless steel, and increasing the yield 
strength (YS) and ultimate tensile strength (UTS), adapted from Yapici et al., Journal of 
Material Research, 2004 [30]. 
 
In the proposed work, the designed alloys will have low SFE and thus, the 
deformation twins are expected to form upon deformation at ambient temperature. These 
deformation twins should lead to the nucleation of low CSL boundaries upon 
recovery/recrystallization at high temperatures [46]. This twinning-induced GBE 




enhance the high temperature mechanical strength of these alloys. The use of austenitic 
stainless steels at high temperatures is limited by their oxidation resistance in water vapor 
since Cr2O3-based protective scales form volatile Cr oxy-hydroxide species [7, 65, 66] in 
water vapor and suffers from accelerated corrosion. This leads to loss of protection and 
significant material loss, especially at high temperatures. The alumina scale, on the other 
hand, is resistant to oxidation at temperatures up to 1000°C [7, 65-68] This behavior is 
expected to significantly enhance the corrosion and oxidation resistance of high 
temperature austenitic stainless steels [69, 70]. As a result, austenitic steels containing 4-
5 wt % Al have been designed to form different types of alumina scale [67]. However, 
high levels of Al are not desired since it is a ferrite former and stabilizer, it increases SFE, 
and reduces twinnability. Moreover, the addition of Al increases the volume fraction of 
B2 β-(Ni,Fe)Al precipitates that help improve the creep resistance [24]. Microalloy 
addition of Nb improves the stability of alumina and increases the volume fraction of B2-
NiAl intermetallics further [71, 72]. Similarly, addition of Zr stabilizes the formation of 
coherent L12-ordered Ni3(Al,Ti) precipitates where the interface coherency can be 
modified by the addition of B [73], but Zr addition are shown to be detrimental for 
mechanical properties due to coarsening of the carbo-nitrides [74]. 
Based on the nature of this research, we find it can be best represented if the results 
were divided into two groups: one group about deformation twins and their thermal 
stability, and another group about alumina scale formation. The purpose of the first part 
will be exclusively studying deformation twining: their evolution, their stability, their 




in different conditions will be used for this end. On the second part, alloys will be studied 







Materials Selection, Processing, and Microstructure Design 
The base material for the present work is a variation of conventional Ni-Cr ASS 
grades. The base material is used to study the deformation twinning, high temperature 
stability of nano-deformation twins, the interaction between twins, and their contribution 
to high temperature mechanical response, with the purpose of fundamental scientific 
understanding. These is accomplished through systematic thermomechanical processing 
targeted at increasing the twin fraction density while making the structure almost free from 
dislocations. Initial studies focus on investigating the high temperature stability of 
deformation nano-twins. We later utilize thermally stable deformation twins and increase 
the population of low- CSL boundaries, in order to study their effect of mechanical 
response. To achieve this end, we strain materials to low levels of elongation, followed by 
annealing at temperatures low enough to prevent recrystallization yet cause some recovery 
and reorientation of grain boundaries towards lower energy configurations [75]. The 
advantage of this approach is to directly see the effect of deformation twins while 
recovering the dislocations and decreasing dislocation density. Especially, processing 
single crystals with this approach will provide the opportunity to distinguish the direct 
effect of deformation twins in mechanical response. Another approach would be dynamic 




method is shown to be effective in refining grain size and obtaining high angle / low 
energy boundaries in ASSs [25, 30, 76, 77]. 
To form high density of nanoscale twins, one needs to reduce the SFE of materials 
and increase lattice friction (to suppress twin growth). Already some relevant research 
exists on few austenitic steels, investigated twin – slip interactions, and the features of 
deformation twins (size, fraction, crystallographic orientation dependence, effects on 
work hardening) at room temperature [30, 62, 63, 78-89]. It was shown that by decreasing 
SFE and increasing lattice friction, it is possible to obtain high density of nano-twins in 
austenitic steels (Figure 4-a) [62, 63]. The high twin density in ASSs should considerably 
increase the attainable strength levels in these materials, as it has been shown in Fe-Mn 
and 316L ASSs (Figure 4-b) [62, 63, 78-81, 83, 84]. 
 
Figure 4 A tremendous strengthening at room temperature because of  high propensity of 
nano-twins in 316L stainless steel due to the enhanced lattice friction after nitrogen 





The overall idea of the thermo-mechanical processing in the proposed work is 
sequential to: (1) deform the designed steels to low strain levels at room temperature, (2) 
obtain high density of deformation nano-twins (~40-50%) with as low as possible 
dislocation density, and (3) heat treat them to recover dislocations, partially recrystallize 
the structure forming low energy grain boundaries and submicron grains (since 
deformation twinning causes sluggish recrystallization). The resulting microstructure is 
expected to provide superior high temperature mechanical response. 
 
Microstructural Characterization 
The goal of the microstructural characterization work is to reveal grain, twin, and 
precipitate sizes and distribution, and active deformation mechanisms. Transmission 
Electron Microscopy (TEM) including in-situ heating, Scanning Transmission Electron 
Microscopy with Energy Dispersive Spectroscopy (STEM-EDS), Scanning Electron 
Microscopy (SEM), and Electron Backscatter Diffractometry (EBSD) will be used. EBSD 
will provide information on the twins with small sizes, their respective fraction, and 
morphology. Phase structures will be determined using the X-Ray Diffraction (XRD) 
system. The precipitates will be identified with the selected area diffraction techniques. 
Further, Energy Dispersive Spectroscopy (EDS) technique was employed as well as 
Wavelength Dispersive Spectroscopy (WDS) to determine the composition of the 
particles. In a few cases, in order to measure nitrogen content more accurately, a Bruker 






The materials will be thermo-mechanically tested in polycrystalline forms at 
temperatures ranging from ambient to high temperatures for their uniaxial stress-strain 
response. The effects of different GBCDs on deformation stages and deformation 
mechanisms will be investigated in large-strain monotonic experiments. The load is 
measured using a load cell on an MTS testing device. Strain is measured using an 
extensometer with extended legs to measure the change in samples length at different 




The oxidation testing will be carried out in two different groups of durations: short-
term and long term. In short term oxidation tests, samples will be tested at elevated 
temperatures (800°C) and then studied using microscopy to investigate the formed scale. 
Samples will be cross-sectioned and studied using SEM-EDS to obtain elemental 
distribution profile. For long term oxidation tests, samples will be oxidized at elevated 
temperatures for longer durations of time (up to 1000 hours), periodically moved out of 
the furnace and weighed to obtain the mass change as a function of time. After the long 







Initial Results: Finding the Appropriate Alloys 
The purpose of this part is to study the formation and evolution of deformation 
twins in some existing and newly designed ASSs as a function of applied strain levels and 
composition, their thermal stability, and their significance on the resulting mechanical 
response, especially at high temperatures. The criteria that an alloy has to meet in order to 
qualify as a potential candidate are: it has to have a homogenous austenitic structure, with 
controllable precipitates, and intermediate or low SFE in order to form deformation twins. 
Additionally, in order to exclude the effects of crystal orientations, and grain boundaries, 
on the mechanical response of deformation twins and their stability, a part of research will 
be conducted on single crystals. The list of alloys that were investigated are as follows: 
 
● Fe-Mn-C (Hadfield Steel) Single Crystals 
One of the promising alloys for investigating deformation twins is Hadfield steel. 
Previous work on this alloy demonstrated its ability to form deformation twins. Single 
crystal samples oriented along the [111] direction with the composition shown in Table 1 
were prepared and uniaxially tested at room temperatures to 5%, 10%, and 20% 
                                                 
1 Part of the data reported in this chapter is reprinted with permission from “Hierarchical evolution and 
thermal stability of microstructure with deformation twins in 316 stainless steel” by S.J. Wang, T. Jozaghi, 




engineering strains under tension (Figure 5). This specific crystalline orientation was 
chosen because it promotes the most twinnability.  Figure 6 is OM and TEM of 20% 
strained sample, showing large volume fractions of deformation twins, with relatively low 
dislocation density. Figure 7 shows the inverse pole figure (IPF) and orientation map of 
this sample, and wide bands of twins are visible. So far, this alloy appears to be a very 
good candidate for deformation twinning studies, however, upon heating to 500°C (Figure 
8) and 600°C (Figure 9) for 1 hour, a new set of texture component starts to show up on 
the IPF that corresponds to the evolution of another phase. Figure 10-a shows phase map 
of the sample heat treated at 600°C for 1 hour, and it can be seen that α-ferrite is starting 
to form. Moreover, this new ferrite phase appears to be evolving without any preferred 
crystallization sites (Figure 10-b). This second phase evolution makes Hadfield steel 
inappropriate for the study, as the design criterion for this part of study was a fully 
austenitic single crystalline structure with a specific orientation in a wide range of 
temperatures.  
 
Table 1 Chemical composition of Hadfield steel 
Elements C Mn Si P Cr Mo Ni Al 






Figure 5 Stress-strain response of Hadfield steel [111] single crystals. 
 
 
Figure 6 Hadfield steel [111] single crystals deformed to 30%, left) OM, right) TEM 






Figure 7 Hadfield steel [111] single crystals deformed to 20%, inverse pole figure (IPF) 






Figure 8 Hadfield steel [111] single crystals deformed to 20% tensile strain, a) EBSD IPF 






Figure 9 Hadfield steel [111] single crystals deformed to 20% tensile strain, a) EBSD IPF 






Figure 10 Hadfield steel [111] single crystals deformed 20%, after heat treatment at 600°C 
for 1 hr, a) phase map showing austenite in red and ferrite in green, b) IPF map. 
 
● 316L+N Stainless Steel Single Crystals 
316L stainless steel plus 0.20 wt.% nitrogen single crystals were tested next. 
Previous research showed that this alloy is expected to show deformation twins. In order 
to study the role of deformation twins on mechanical response and their high temperature 
stability, uniaxial tension tests were performed along [111] direction to maximize the 
twinnability, both at room temperature and at -80°C (through conduction by cooling the 
grips using liquid nitrogen flowing through copper tubing), in order to suppress dislocation 
slip. This specific [111] direction was chosen because in fcc crystals, this direction is 
known to promote mechanical twinning under tension due to the high Schmid factor for 
twinning along this orientation [78]. The stress-strain behavior is presented in Figure 11. 
Figure 12 shows the OM and SEM of the surface features of samples tested to 10% 




indication of deformation twins, but the EBSD on the -80°C sample (Figure 13-a) and the 
TEM (Figure 13-b) do not confirm this. As a results, it was decided that deformation 
twinning either does not occur or cannot be detected in this alloy, at room temperature or 
at -80°C. It has been shown that the stacking fault energy is a non-monotonic function of 
nitrogen content [90], which makes it possible that deformation twins do not form in this 
specific alloy with its specific nitrogen content. 
 
 







Figure 12 316L+N SS 10% deformed at room temperature and -80°C, OM images 
showing surface reliefs. 
 
 
Figure 13 316L+N SS 10% deformed at room temperature and -80°C, a) EBSD IPF and 




● 316 Stainless Steel Single Crystals 
316 stainless steel was selected next, after our first two candidates failed to meet 
the criteria (which are fully austenitic structure and forming of deformation twins) as a 
baseline material for studying deformation twins, since it is one of the most widely used 
structural material that has been reported to show deformation twins. Single crystals of 
316 SS were prepared with a composition of Fe-18Cr-9.5Ni-2.5Mo-1.7Mn-0.7Si (wt%) 
using Bridgman technique. The composition was determined using EDS. Dog bone tensile 
samples were prepared along [111] direction of the crystals. Uniaxial tensile tests were 
performed at room temperature to an engineering strain of 10 % and 20 %, with constant 
displacement rate of 0.04 mm/sec. The stress-strain graph is shown in Figure 14-a. Figure 
14-b shows the optical image of the surface relief on the specimen after the uniaxial test 
of 20%, and parallel features that may be indicative of twins are present on the surface. 
Figure 14-c shows the EBSD map and associated inverse pole figure of this sample, which 
clearly indicate the signs of twinning through an abrupt orientation change. In Figure 14-
d, transmission electron microscopy image of the samples shows very thin bands of twins. 






Figure 14 316 stainless single crystals oriented along the [111] direction. a) uniaxial 
tension stress-strain curve, c) EBSD of 20% elongated sample showing IPF and map, b) 
OM image of 20% elongated sample, d) TEM image of 20% elongated sample. Twin 
nano-bands with significant volume fraction were detected. 
 
● 316 SS Polycrystals 
Since 316 stainless steel show twinning as one of the major deformation 
mechanisms, we will study the stability of the deformation twins at high temperatures to 
understand their effect on high temperature mechanical response. However, in practical 
applications, one needs to use polycrystals since single crystals are expensive and 
polycrystals are stronger. Therefore, one needs to understand the interaction of twins and 
grain boundaries on the mechanical response, and high temperature stability, and explore 




twins, their thermal stability, and their contribution to mechanical response at room and 
high temperature in 316 SS polycrystals. Figure 15 depicts IPF map of a fully annealed 
316 SS polycrystalline sample, and it shows an equiaxed, fully austenitic structure with 
random grain orientation. Mechanical response of this alloy is depicted in Figure 16. A 
sample deformed to 20% tensile strain was studied using EBSD and Figure 17 shows the 
IPF map, and along with the misorientation angles, the bands of deformation twins can be 
detected. The TEM image is also depicted in Figure 18, showing a noticeable number of 
twin bands. This alloy will be used for studying the volume fraction of twins with the 
extent of deformation, and their thermal stability, as well as their effect on mechanical 






Figure 15 Polycrystalline 316 SS, IPF map, showing homogenous structure with equiaxed 
grains after annealing. 
 
 
Figure 16 Polycrystalline 316 SS true stress-strain curve to 10% and 20% engineering 
strains, and to-failure. 





Figure 17 Polycrystalline 316 SS deformed to 20% engineering strain in tension, EBSD 
IPF map and the corresponding misorientation angle profile along the depicted line, 
confirming deformation twin. 
 
 
Figure 18 TEM image of polycrystalline 316 SS deformed to 20% engineering strain in 




Hierarchical Evolution and Thermal Stability of Microstructure with Deformation 
Twins in 316 Stainless Steel 
In order to improve efficiency of current power plants and decrease their CO2 
emission, new structural materials are needed that can perform reliably at higher 
temperatures. These materials need to maintain their mechanical properties at high 
temperatures [9, 91]. Aside from the expensive Ni-based superalloys, ferritic steels can be 
utilized for these applications, due to their low thermal expansion coefficient, high thermal 
conductivity, and irradiation resistance [92], especially in irradiation environments such 
as nuclear power plants. In fossil fuel power plants, austenitic stainless steels are the 
materials of choice based on their good high-temperature mechanical properties and 
oxidation resistance [93]. Further improvements of creep resistance in austenitic stainless 
steels have been achieved by adding carbide and carbonitride forming alloying elements 
[3, 94], which can pin the grain boundaries as well as mobile dislocations by forming 
nano-scale particles. Another method to improve the mechanical properties of austenitic 
stainless steels is microstructural engineering through thermo-mechanical processing. 
Dislocation slip and twinning are two competing deformation mechanisms during plastic 
deformation in austenitic stainless steels.  However, the govering deformation mechanism 
is dictated by both the intrinsic properties of the steels such as crystal orientation or 
crystallographic texture, grain size, and stacking fault energy (SFE), and the extrinsic 
conditions such as strain level, strain rate and temperature [62, 83, 95]. As an intrinsic 
property of materials, SFE is the main factor controlling the ease of cross-slip or twinning 




of austenitic stainless steels [96-98]. As the SFE decreases, the separation distance of 
partial dislocations widens. Thus, cross-slip of dislocations becomes more difficult and 
mechanical twinning is favored. In austenitic stainless steels (SSs), which commonly have 
a low to moderate SFE, early stages of deformation are dominated by slip, then stacking 
faults are formed before twinning dominates the deformation [99]. Formation of twins can 
provide many interfacial barriers for dislocation motion, reduce the dislocation mean free 
path which can result in large work hardening coefficients and enhanced tensile strength 
[78, 83]. Extensive mechanical twinning was observed in 316L austenitic SS under various 
deformation strain paths such as tension [30, 78, 97], compression [97], and severe plastic 
deformation (SPD) [30, 31, 60] due to its intermediate SFE. Although deformation 
twinning behavior during mechanical deformation has been widely studied in 316 [78] 
and other types of austenitic stainless steels [38, 60, 78, 97, 100, 101], the quantitative 
information on twins, such as the evolution of the volume fraction and size, under different 
strain levels, was rarely studied previously [100]. In the present work, we show a 
hierarchical microstructure evolution in 316 SS due to deformation nano-twins and their 
bundles, and statistically estimate the volume fraction evolution of these twins at different 
tension strain levels. Although the formation of deformation twins can significantly 
enhance the strength, ductility and work-hardening ability are usually sacrificed. Two 
strategies were recently proposed to achieve a better combination of yield strength and 
ductility in twinning induced plasticity steels (TWIP), which are based on the thermal 
stability of mechanically induced twins. One strategy includes the use of partial 




deformation. With this method, TWIP steels with nano-scale mechanical twins were 
achieved [60, 102-104]. Another strategy is based on the recovery of cold-rolled TWIP 
steels with nano scale mechanical twins [38, 100, 101]. Nano scale twins formed during 
pre-straining process can significantly increase the strength of the materials [105]. It is 
expected that a subsequent recovery or partial recrystallization heat treatment should 
increase ductility and work hardening by reducing the dislocation density between the 
twins. Bouaziz et al. [101] compared the effect of both recovery and recrystallization on 
the combination of yield stress and uniform elongation for a given TWIP steel composition 
at room temperature. They showed that the recovery process allows achieving higher 
strength-ductility combination than that reached via partial recrystallization. It is then 
suggested that recovery is a more adequate process, able to increase the initial strength 
values of TWIP steels, while keeping large ductility levels. The recovery strategy 
presented on TWIP steels has also been successfully applied to 316L SS leading to a 
noteworthy combination of high yield strength and strain hardening [106]. However, only 
one deformation-annealing cycle was performed on that 316L SS study. In the present 
work, the role of several deformation-annealing-deformation cycles on the resulting 
mechanical response of 316 SS were revealed with the propose of achieving high density 
of nano scale twins while eliminating dislocations, such that an excellent combination of 
strength and ductility can be reached. Clearly, thermally stable mechanical twins can play 
an important role in the enhancement of strength and ductility combination. However, the 
investigations on the level of thermal stability of mechanical twins are limited. In 




1 hour heat treatments [64]. Bouaziz et al. observed that the nanometer-scale mechanical 
twins introduced by pre-straining high-manganese TWIP steels at room temperature were 
stable up to the recrystallization temperature (625 ºC) [38]. They also reported that the 
deformation twins in 316L SS after cold rolling to 37% reduction were stable after a 
recovery treatment at 600 ºC for one hour [106]. Growth nano twins in as-deposited 330 
SS films can survive at 500 ºC for 1 h [107]. Furthermore, it was shown that the twinning 
stability can be notably enhanced by microalloying at high temperatures in Fe-Mn 
austenitic steels with low carbon contents [108]. However, the extent of the thermal 
stability and the role of these stable twins on the subsequent mechanical response have not 
been systematically studied. In the present work, various heat treatments are performed 
on uniaxial tensile deformed 316 SS with different volume fractions of nano-twins. The 
thermal stability of deformation nano-twins and their effect on the subsequent room 
temperature mechanical response are studied. The results presented herein can be helpful 





Microstructural Evolution During Tensile Deformation, and Static and In-situ 
Annealing 
Representative microstructures of the as-received materials are shown in Figure 




average size around 60 μm were detected using the linear intercept method. Annealing 
twins are noted in some grains in the figure. There are few dislocations within grains as 
shown in Figure 19-b. The Vickers hardness of the AR specimens was measured to be 
151.5 ± 4.6. Tensile tests until failure were performed on the as-received (AR) samples 
(Figure 20). The true uniform elongation was determined to be ~47% ± 1%. Significant 
work hardening was noticed in the AR samples. Engineering strains of 10%, 20%, 30% 




Figure 19 The microstructure of the as-received 316 stainless steel (SS) observed using 
(a) optical microscopy and (b) TEM. The average grain size is around 60 μm. Annealing 





Figure 20 Tensile true stress-strain curves of 316 SS polycrystals, with 10%, 20%, 30%, 
40% applied engineering strains (corresponding to 9%, 18%, 26%, and 33% true strain, 
respectively), and up-to-failure elongation. 
 
After 10% deformation, most of the grains have numerous planar dislocation 
structures shown in Figure 21-a with a TEM image. In the 20%, 30% and 40% deformed 
specimens, many nanoscale deformation bands coupled with high density of dislocations 
were detected as shown in Figure 21-(b-d). These bands were verified as deformation 
twins using selected area diffraction patterns (SADP) in the inserted image in Figure 21-
b which shows these twins to be {111}<112> type. After 800ºC heat treatments (HTs) for 
1 hour, most of the dislocations in the deformed specimens were recovered, but the nano-
twin bands were preserved, as shown in Figure 22. After 900ºC HTs for 1 hour, some 
deformation nano-twins still existed, and recrystallization appeared in all the deformed 




40%-900 ºC HT samples. The major microstructural features in the (20%, 30%)-900 ºC 
HT samples are deformation nano-twins as shown in Figure 23-(a,b), and the minor 
microstructural features are recrystallized grains as shown in Figure 23-(d,e). However, in 
the 40%-900 ºC HT samples, the major microstructural features are recrystallized grains 
(Figure23-c), and deformation twins still exist in few grains (Figure 23-f). These 
recrystallized grains are generally several microns in size. Interestingly, some 
recrystallized grains were captured forming at the intersection of two different twin 






Figure 21 Bright field TEM images of the microstructures after (a) 10%, (b) 20%, (c) 30% 
and (d) 40% tensile elongations. In the 10% deformed samples, there are numerous planar 
dislocations. The inserted SADP in (b) shows the observed deformation bands in (b,c,d) 







Figure 22 Bright field TEM images of the microstructures of the 316 SS specimens 
deformed under tension for (a) 20% and (b) 40% after annealing at 800ºC for 1 hour. Many 
deformation nano-twins survived after the annealing at 800ºC for 1 hour. Dislocation 






Figure 23 Bright field TEM images of 316 SS showing the major (a-c) and minor (d-f) 
microstructural features after 900°C annealing for 1 hour of the samples deformed under 
tension at different strain levels (a,d) 20%, (b,e) 30% and (c,f) 40%. Recrystallization 
occurs at 900ºC. The major microstructural features remain to be nano-twins in the 20% 
or 30% deformed samples, while the major part of the samples is recrystallized in the 40% 





Figure 24 Bright field TEM image collage of the 316 SS specimen deformed to 30% 
tensile strain and annealed at 900ºC for 1 hr. The recrystallization starts from the 
intersection of two different twin variants. 
 
In situ TEM heating experiments were performed to study the microstructure 
evolution in situ, in particular the thermal stability of deformation nano-twins in tension 
samples. Figure25-a reveals that there are nano-twin bands and high density of 
dislocations in the 20% deformed samples at room temperature. The inserted SADP shows 
these twins are {111}<112> type. Figure 25-b shows the dark field image of these nano 




nano-twins were stable up to 900ºC (Figure 25-c). At 1000ºC, disintegration of the thin 
foil started at the thinnest area near the hole of the TEM samples, but the nano-twin bands 
still remained stable (Figure 25-d). At first, it was not possible to find an obvious structure 
to assess what happens to nano-twin bands at this temperature and whether the detwinning 
occurs in the twin bands of Figure 25-d. After annealing at 1000ºC for about 30 minutes, 
a characteristic microstructure appeared, labeled by white arrows in Figure 25-(e, f), which 
is used as a location mark. Comparing the position of this mark and the twin band in Figure 
25-e, the nano-twin band was verified to disappear gradually starting from the lower end 
of the sample. Nano-twin bands completely disappeared after ~37 minutes at 1000ºC as 
shown in Figure 25-f. To the best of the author’s knowledge this is the first in-situ study 
that demonstrates how nano-twins disappear during annealing of stainless steels and 
clearly proves the occurrence of detwinning.  
 
Evolution of Mechanical Properties 
Heat treatments (HTs) at temperatures from 500°C to 1200°C were performed for 
1 hour on the 20%, 30% and 40% strained tension samples of 316 SS, followed by water 
quenching. The corresponding hardness evolution at room temperature after HTs is shown 
in Figure 26-a. Hardness remained unchanged or slightly increased after HTs up to 600°C 
annealing and dropped slightly from 600°C to 800°C. After annealing above 800°C, a 
significant softening occurred. At 1000°C, the deformed materials were fully 
recrystallized and the hardness was comparable to the hardness of the as-received 




between as-received specimen and as annealed samples (800/900 °C HT for 1 hour on the 
20%, 30% and 40% pre-strained samples). The tensile curves of the 30%-800°C HT and 
40%-800°C HT samples show a significant increase in tensile yield strength (from ~254 
MPa to ~570 MPa, also see Figure 26-b) and retention of considerable ductility (about 
~35%) as compared to the AR specimens. 900°C HT of the 20%, 30% and 40% pre-
strained samples and 800°C HT on the 20% deformed samples present less strengthening, 
but again a retained ductility. The yield strengths of the specimens after heat treatments 
are summarized in Figure 26-b and compared with the ultimate tensile strengths of the 
20%, 30% and 40% deformed samples such that it is possible to see the level of reduction 
in strength after the annealing heat treatments. The yield strength of the AR specimen is 
also included for comparison. After 800°C HT, dislocations are mostly recovered so the 
hardness and strength decrease slightly. After 900°C HT, the hardness and strength of the 
30% and 40% deformed specimens dropped considerably as compared to that of the 20% 
deformed specimens. However, all the hardness and strength levels of the deformed and 
annealed samples (after 800 and 900°C HTs) are still higher than those of the as-received 
sample. From the above results, it can be seen that the deformation and annealing cycles 
can enhance the strength and ductility property combination in 316 SS samples due to the 
thermal stability of deformation nano-twins. To illustrate this better and quantity the 
amount of improvement, 30% tensile strain was applied to an as-received sample (red 
tension curve in Figure28-a). A post deformation annealing process was carried out at 
800°C.  The annealed sample was then deformed an additional 30% tensile strain (see the 




second annealing, the specimen is pulled to failure (dark green tension curve in Figure 28-
a). Comparing the three tension tests, the yield strength is significantly increased from 
~254 MPa to ~525 MPa (secondary tension) to 635 MPa (third tension). The 2nd and 3rd 
tension curves were shifted in order to clearly show the strengthening effect of the anneal-
tension cycles on the samples as compared to the as-received sample. The ultimate tensile 
strength before fracture of the sample after anneal-tension cycles is ~1096 MPa which is 
higher than the ultimate tensile strength of the as-received sample (~978 MPa). 
 
 
Figure 25 Evolution of Vickers microhardness values (a) and ultimate tensile and yield 
strengths (b) of various 316 SS samples uniaxially strained to different levels and then, 
annealed for 1 hour. Softening starts at around 600°C. The hardness drops significantly 
after annealing above 800°C. At 1000°C, the deformed materials were fully recrystallized 
and the hardness was comparable to the as-received sample hardness. In (b) the ultimate 






Figure 26 Tensile true stress-strain responses of the as-annealed 316 SS tension samples 
after various levels of tensile strain. The tensile response of the as-received sample is 
included for comparison. The marks on the plots were added to distinguish different cases. 






Figure 27 Microstructure evolution under in-situ TEM HT on the 20% deformed sample 
of 316 SS. (a, b) Bright and dark field images at RT, respectively; (c) dark field images 
after heating up to 900 ºC, heating up to 1000 ºC and holding temperature for (d) ~10 






Figure 28 Tensile true stress-strain curves of (a) the 316 SS samples after deformation-
annealing-deformation cycles. (b) The 2nd and 3rd tension curves were shifted in order to 
clearly show the strengthening effect of the anneal-tension cycles samples comparing to 
the as-received sample. Please see text for details. 
 
Hierarchical Microstructure Evolution Under Different Strain Levels 
Microstructural evolution in the samples after 20%, 30% and 40% tensile strains 
are shown in Figure 29. Numerous parallel bands were formed in most grains at each strain 
level. These bands were shown to be {111} <112> twin bands via the TEM investigations. 
Before mechanical twinning was activated, the dislocation slip was the dominant 
deformation mechanism, and a high density of planar dislocations was generated under 
10% strain deformation as shown in Figure 21-a. The formation of planar dislocations can 
reduce the ability of a material to cross-slip and cause the early onset of twinning. Figure 
29-(a1, b1 and c1) show the low magnification SEM images of the microstructures after 
20%, 30% and 40% strains, respectively. It is obvious that at 20% elongation, straight 
deformation twins are already present in more than ~50% of the grains (Figure29-a1). 
Generally, only one twinning system was activated in most of the twinned grains which is 




is relatively low. The number density of the twinned grains is estimated as 62.6% ± 4.6% 
of total grains, determined by counting about 500 grains. The density of twins in every 
twinned grain is depicted for the 20% deformed samples in Figure 30, the average value 
is ~6.6% ± 4.7%, calculated using ~70 grains. At a higher strain level, i.e. 30% or 40%, in 
most of the grains, a second twinning system was activated. There are more interactions 
between these two twinning systems in the 40% deformed specimens as compared to the 
30% deformed specimens as can be seen in Figure 29. The twinned-grain number fractions 
of the 30% and 40% deformed samples are determined as 77.3% ± 3.1% and 79.5% ± 
4.3%, respectively, from about 500 grains, which are close to each other but larger than 
that of 20% strain sample. However, the twin densities in single twinned grains present a 
large difference between 30% and 40% deformed samples, as shown in the histograms of 
Figure 30. The twin density increases from ~11.0% ± 7.3% to 16.2% ± 6.8% with 
increasing strain level from 30% to 40%. This reveals that the twinning activity is 
enhanced as the tensile strain increases from 10% to 40%. The measured twin densities 
are also summarized in Table 2. The twin density in the entire sample is also measured 
using a total of about 500 grains. The total twin densities in each of the 20%, 30% and 
40% deformed samples are determined to be 5.8% ± 1.5%, 9.4% ± 1.6% and 12.5% ± 
2.0%. In the 30% deformed sample after the deformation-annealing-deformation cycles, 
the twinning is activated in almost every grain after the third tensile loading (Figure 28). 
The final twin density reaches to ~28.4% ± 4.5% which is much higher than 12.5% ± 2.0% 
of the 40% deformed sample. This shows that the deformation-annealing-deformation 





Figure 29 Hierarchical microstructure evolution of 316 SS under a uniform elongation of 
(a1-a4) 20%, (b1-b4) 30% and (c1-c4) 40%. (d1-d4) are the schematic representation of 
these microstructures for the 40% deformed case. The volume fraction of the twinned 
grains increased with increasing strain level. The volume fractions of twins in individual 






Figure 30 Distribution of twin density within individual grains after tensile deformation 
to different levels. The average density of twins increases from ~6.6% ± 4.7% to ~16.2% 
± 6.8%  with increasing strain levels from 20% to 40%, determined from about 70 grains. 
The maximum twin density in an individual grain was estimated to be around ~33%, which 







Figure 31 Distribution of the twin width in the tensile deformed 316 SS. Compared to the 
twin density, the change of twin size with increasing uniaxial strain level was insignificant. 












Table 2 The measured deformation twin densities as a function of applied strain for 316 
SS samples deformed under tension to different strain levels. 
 
Number Density of 
Twinned Grains 
(%,  from ~500 
grains) 
Twin Volume Fraction in 
each Twinned Grain (%, 
from ~70 Grains) 
Twin volume fraction 
in the Entire Sample 
(%, from ~500 grains) 
20% 62.6 ± 4.6 6.6 ± 4.7 5.8 ±1.5 
30% 77.3 ± 3.1 11.0 ± 7.3 9.4 ± 1.6 
40% 79.5 ± 4.3 16.2 ± 6.8 12.5 ± 2.0 
30% 
cycles 
~ 100% 27.0 ± 6.6 28.4 ± 4.5 
 
In Figure 29- (a2, b2 and c2), a single grain is selected to show the twin morphology 
at each strain level. It is obvious that within a single grain, the twin band density increases 
with increasing strain. The maximum twin density in an individual grain was estimated to 
be around 33% for both 30% and 40% strain, which indicates the approximate upper limit 
of deformation twin density achieved via uniaxial tensile deformation at room 
temperature. Figure 29 (a3, b3 and c3) present the submicron scale details of twin bands 
and their interactions at each strain level. The TEM images shown in Figure 29-(a4, b4 and 
c4) indicate that the bands seen at submicron scale in SEM images are actually bundles of 
nano-twins, which are similar to nano-twin bundles shown earlier in 316L austenitic 
stainless steel after dynamic plastic deformation [60]. These nano scale twin bundles with 
a high density of parallel twin boundaries are difficult to be traversed by another twin band 
or bundle. Therefore, there are many bands or twin bundles stopped at one side of another 




steels, and these microstructures significantly contribute to work hardening [30, 31, 109, 
110]. Figure 29-(d1-d4) are the schematic representations of the hierarchical morphology 
of the deformation twins 316 SS. These schematics clearly show the details of twin bands 
or bundles and their interactions after uniaxial tensile deformation. Furthermore, with the 
help of dark field (DF) images of twin bands, the twin width is statistically measured as 
summarized in Figure 31. The average twin widths are on the order of 30-35 nm for all 
three samples determined by measuring more than 700 nano twin bands at their edge-on 
condition in DF TEM images. Compared to the twin density, the changes in twin width at 
different strain levels are insignificant. A previous study demonstrated that twin thickness 
is dependent on SFE, strain rate, and deformation temperature [111]. Low SFE, high strain 
rates, and low temperatures were shown to effectively reduce the critical twin nucleus 
thickness and resist the propagation of twins, resulting in finer deformation twins. Under 
a strain as high as 116% during equal channel angular extrusion of 316L SS [30], the 
average twin thickness was about 35 nm which is comparable to that in the present work. 
This reveals that twin thickness is independent of the extent of deformation. It is well 
known that martensitic transformation can be induced under plastic deformation at low 
temperatures in many austenitic stainless steels [112-115]. Seetharaman and Krishnan 
[116] reported, in 316 SS, a considerable amount of martensite (around 30% vol.%) 
formed under ~30% true strain uniaxial tension and rolling at -196 °C. However, after the 
deformation at 25 °C, very little martensite was noticed even at very large strains. In the 
current work, martensite phase was absent in the uniaxial tension deformed samples 




Thermal Stability of Deformation Nano-Twins  
The thermal stability of deformation twins at elevated temperatures is not well-
known, compared with the nucleation and growth mechanisms of deformation twins. Nano 
scale deformation twins and twin bundles were reported to form during equal channel 
angular extrusion in 316L SS at temperatures as high as 800°C (0.6 Tm, Tm is the melting 
temperature in K) [30]. The nano-twins in Cu and 330 SS films were shown to exhibit 
notable thermal stability. Nano twins remained stable at 800°C (0.79 Tm) in Cu and 500°C 
in 330 SS films, respectively [107]. In the present study, it’s revealed that the nano twins 
in deformed 316 SS materials can be stable up to 800°C (0.6 Tm), and no detectable 
coarsening of the nano twins was observed in TEM investigations under edge-on 
conditions for the twin boundaries. At 800°C heat treatment for 1 hour, recrystallization 
was not observed in any of the 20%, 30% and 40% deformed samples, but the dislocation 
density obviously decreased compared with the corresponding as-deformed samples. Due 
to the higher density of twin bands under higher strain, the yield strength of the post 
annealed 40% deformed samples is higher than that of the post annealed 20% and 30% 
deformed samples (shown in Figure 26-b). However, recrystallization starts at 900°C heat 
treatment for 1 hour (shown in Figure 23). Even though primary recrystallization was 
locally initiated at 900°C heat treatment, the deformation twins were maintained in the 
microstructure unless they were consumed by the growth of the recrystallized grains into 
the deformed matrix, as illustrated in Figure 24. The deformation twins were found to be 
thermally stable in the non-recrystallization zone even at 900°C heat treatment (see Figure 




twins are clearly stable at 900°C, as no coarsening and detwinning were discerned. The 
temperature of the heating stage (Model 628-0500) used in these experiments was 
determined to be accurate to within a few degrees. However, there is greater uncertainty 
about the actual temperature at the observation location because the thermocouple 
mounted on the heating stage is not directly contact with specimen. The temperature 
obtained by the thermocouple is the furnace temperature and should be considered as the 
maximum as there was no method for independently determining the actual specimen 
temperature at the position of observation. Based on the previous investigations in the 
literature, a 50 °C difference between measured temperature of the holder and actual 
specimen temperature can be expected [117, 118]. Thus, through the in-situ experiments, 
it can be confidently stated that deformation nano-twins have remarkable thermal stability 
at least up to 800°C (0.6 Tm) in 316 SS which is consistent with the ex-situ experiments.  
 
Effect of Thermally Stable Deformation Twins on Post-Annealing Mechanical 
Response 
Following Kocks et al. [119, 120], the dynamic evolution of dislocation density 
can be written as: 
1d d d
k
d d d b
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Equation 1 
 
where ρ is the dislocation density, ε is the strain, b is burgers vector, λ is dislocation mean 
free path, and k is the recovery coefficient. The term 
𝑑𝜌
𝑑𝜀
 is the net dislocation storage rate. 














recovery term.  The increase of dislocation density arises from the accumulation of 
immobile dislocations which are actually the dislocations arrested by strong obstacles. In 
other words, any obstacles blocking dislocation motion will result in strain hardening. 
These obstacles could be forest dislocations, grain boundaries, twin boundaries, or 
precipitation particles. Thus, the dislocation mean free path λ can reflect the strengthening 
mechanism. A small λ value reflects a quick accumulation of immobile dislocation. 
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Equation 2 
 
where d is effective grain size, and K is a constant. The second term on the right hand side 
is related to the forest dislocation spacing. When twinning occurs, the effective size of the 
twinned grain will decrease significantly. In the present case, the low dislocation density 
and the large grain size of the as-received material results in a large λ value, thus the low 
yield strength (shown in Figure 27 black curve). However, dislocation tangles or cells and 
twinning occur during deformation. Thus the blockage of dislocations by as-formed 
dislocation tangles and twin boundaries can provide further strengthening of 316 SS and 
postpone necking, which results in a significant work hardening. The onset of necking in 
the as-received sample is at ~47% true strain (Figure 27). The annealing of 20%, 30% and 
40% deformed specimens reduces the dislocation density, but the twin boundaries survive 
(due to their thermal stability). Thus the yield strengths of the annealed samples are higher, 
compared to the as-received case. The hardening behavior of the as-received and 40%-
800°C and 40%-900°C are given in Figure 32. The strain hardening rate of 40%-800°C 




sample due to the higher density of twin boundaries and the positive influence of twin 
boundaries in reducing the mean free path of dislocations. 
 
 
Figure 32 Work-hardening rate (θ) vs. true stress (σ) for the as-received, 40% tensile 
deformed and 800°C annealed and 40% tensile deformed and 900°C annealed 316 SS 
samples. The annealing heat treatments were conducted for 1 hour. 
 
Strain hardening rate vs. applied strain response for the as-received material 
reveals different hardening stages and corresponding microstructure evolution during 
uniaxial tensile tests. At the initial stages of plastic deformation, the strain hardening is 
very high and steadily decreases when strain is below ~17% (Figure 32 black square line). 




(evidenced by microstructure of 10% deformation sample as shown in Figure21-a) which 
was noted in previous studies of low SFE materials [109]. With increasing strain, the 
hardening curve exhibits an almost constant strain hardening rate which is due to twinning. 
At the onset of this stage, mechanical twinning is activated. Twins can serve as obstacles 
against dislocation motion. They create a small λ value and thus promote strain hardening. 
Further straining in this stage is found to produce more twins and twin bundles (Figure29-
a4), and twinned-grain fraction rises from 62.6% ± 4.6% to 77.3% ± 3.1% as true strain 
increases from 18% to 26% (corresponding to engineering strains from 20% to 30%). 
After this stage, a second regime of decreasing strain hardening rate appears again when 
strain is larger than ~27%.  Between true strains of 26% and 33% (engineering strain from 
30% to 40%), the trend of increase in twinned grain fraction continues but the rate of 
increase is very low (from 77.3% ± 3.1% to 79.5% ± 4.3%) and twin-twin intersections 
were observed in this stage. Due to the apparent difficulty of forming more deformation 
twins with further straining in this stage, the strain hardening rate drops steadily. Figure 
33 shows the strength and ductility combination in 316 SS after various processing 
conditions. For comparison, the data from 316L SS processed by Equal channel angular 
pressing (ECAP) [31] and dynamic plastic deformation (DPD) [60] were included in 
Figure 33. Although the strength of 316L SS can be significantly increased by these severe 
plastic deformation (SPD) methods, the ductility is always sacrificed. The current study 
illustrates a method which can achieve an excellent ductility with moderate strengthening. 






Figure 33 The correlation of yield strength and elongation to failure for the as-
received, 20%-800/900°C, 30%-800/900°C and 40%-800/900°C samples of 316 SS 
samples of the present study. Some literature data for 316L SS [31, 60] are included 
for comparison. 
 
Summary and Conclusions of Twinning at Room Temperature 
In order to investigate the evolution of the deformed structure, 316 stainless steel 
samples were uniaxially loaded to 10%, 20%, and 30 engineering strains, and studied 
using detailed quantities SEM and TEM. Deformation features evolve from planar 
dislocations to single system twinning, then to multi systems twinning and intersections 
among twin bands or bundles with increase in strain, and with further straining, twin 




considered to evolve into a hierarchical ensemble of features in different length scales: the 
nano-scale twins forming sub-micron bundles within micron-scale grains. A series of 
annealing experiments were performed on the deformed specimens, to evaluate the 
thermal stability of the deformation twins. TEM studies on the heat-treated samples 
revealed that after 800°C annealing for 1 hour, the twin density stayed almost at the same 
level but the dislocation density obviously decreased. Coarsening of the nano twins and 
recrystallization were not detected in any deformed samples. These nano twins show 
prominent thermal stability up to ~800°C. Ex-situ heat treatments revealed that at 900°C 
for 1 hour, recrystallization occurs (from the intersection of two twin variants, if possible) 
while some nano-twins still remain. Furthermore, in-situ heat treatment in TEM showed 
the nano-twins start to disappear at 1000°C after some time. Presence of these thermally-
stable nano-twins led to a significant increase in tensile yield strength (from ~254 MPa to 
~570 MPa) and retention of considerable ductility in the deformed plus annealed samples. 
After annealing treatments, twin density almost stays the same and the dislocation density 
drops. Since the dislocation mean free path is reduced due to the twin boundaries, strain 
hardening is higher at a given stress level due to the better dislocation storage capability. 
Based on this, a further increased yielding strength was achieved in a deformation-
annealing-deformation cycles samples, through maximizing the volume fraction of the 
twins. The strategy presented in the present work provides a possible method to obtain a 





Role of Thermally-Stable Deformation Twins in High-Temperature Mechanical 
Response of 316 Austenitic Stainless Steel 
In an ultimate motive to increase the operating temperature of working alloys to 
decrease the CO2 emission [9, 91], austenitic stainless steels are a good option due to their 
high-temperature performance (strength, oxidation, creep) [3, 93, 94]. One method to 
increase the strength of this steel, is creating barriers to dislocation motion through 
thermo-mechanical processing, and reduce their mean free path, which can lead to high 
tensile strength and work hardening exponent [78, 83]. One of these barriers can be a twin 
boundary (created from mechanical deformation or during recrystallization), which is 
specifically interesting because it is a low-energy, high-angle coincidence site lattice 
(CSL) boundary [95]. It is believed that since they are high-angle boundaries, they impede 
with dislocation motion and strengthen the alloy, while they are more stable at higher 
temperatures due to their lower energy compared to other strength-inducing defects. The 
purpose of this article is to investigate this belief. In f.c.c. copper, it was found that 
dislocations can have three distinct interactions with nano-twin bands: slip across twin 
boundary after pile up, glide in twin or matrix lamellae, or glide of partials parallel to twin 
boundaries. The dominant mode of interaction mostly depends on the orientation between 
twin bands and loading direction [122]. 
Deformation twinning, which is usually in competition with dislocation glide as 
the dominant deformation mechanism, depends mainly on stacking fault energy (SFE) 
which is an intrinsic property of the material [96-98]. In austenitic stainless steels, SFE 




dislocation slip, then stacking faults are formed due to formation and separation of 
dislocation partials, then twinning dominates the deformation [99]. Various deformation 
methods have created deformation twinning in stainless steels [30, 31, 38, 60, 78, 97, 100, 
101]. Nanoscale twins formed by dynamic plastic deformation have been shown to 
improve the strength of the materials, accompanied with very early necking [105]. The 
yield strength follows a Hall-Petch relation with the nano-twin thickness [123]. In TWIP 
steel, through ultra-rapid heat treatment, a nano-twinned structure was created where the 
twins were stable up to recrystallization temperature (615 °C), after which, the strength 
dropped noticeably due to recrystallization. Moreover, since the hardening rate in this 
study appeared to be independent of the heat treatment temperature (as long as it was 
below 615 °C), it was concluded that the main hardening mechanism is deformation 
twinning [124]. Grajcar et al. found that the deformation twins formed at higher strain 
rates have higher dislocation density within twin bands, which leads to higher strength and 
work hardening exponent [125]. It is known that the ductility decreases as the strength 
increases, and that this can be reversed to some extent through recovery and 
recrystallization of the deformed metal. Lu et al. [123] have mentioned that existence of 
three characteristics in a strength-inducing feature can lead to optimization of strength and 
ductility: coherency with the matrix, thermal and mechanical stability, and size smaller 
than 100 nm. Bouaziz et al. [101] discovered that a higher combination of strength-
ductility can be achieved through recovery rather than recrystallization in nano-twinned 
stainless steel. In austenitic stainless steel, it was proposed that thermally stable 




sized structure with high strength without the detrimental effect on strain hardening [106]. 
Since dislocations can glide along a coherent twin boundary, smaller twin thicknesses may 
lead to higher ductility [123]. Atomistic calculations showed that the rate of plastic flow 
is controlled by the rate of slip transfer reactions across twin boundaries [126]. In 316LVM 
SS, a nanostructure was created through significant plastic deformation followed by 
annealing under high hydrostatic pressure, and it was discovered that nano-twin and low-
angle boundaries has lower mobility during annealing under hydrostatic pressure [127]. 
More recently in high entropy alloys, the extend of mechanical twinning was found to 
strongly depend on the orientation of grains, and a mechanism combining early twinning 
accompanied with multiple-system slip cause higher strength and strain hardening than 
either multiple-system dislocation slip only or single slip followed by twinning [128]. In 
medium entropy alloys, nano-twinning was found to be the major reason for enhanced 
ductility, based on it dislocation storage and resistance to necking capability, especially 
over high entropy alloys [129]. 
If deformation twins are to impart strength at high temperatures, they need to be 
thermally stable. Mechanical twins in conventional Fe-Mn-C steels have been shown to 
be stable after 1-hour heat treatment at 550 °C [64]. In high-Mn TWIP steels, deformation 
nano-twins are stable up to recrystallization at 625 °C [38]. Also in Mn austenitic stainless 
steels, microalloying has stabilized twins [108]. The coherent nano-twins in deposited 330 
stainless steel are stable up to 500 °C [107]. In 316L, deformation twins are stable up to 
600 °C [106]. Through differential scanning calorimetry (DSC) of high-pressure torsioned 




between ~320 °C to ~470 °C without affecting the average grain size or the phase 
composition, and α’-martensite in reversed into austenite at ~470 °C to ~680 °C [130]. 
316L  SS was cold-rolled then heat treated at 750°C for different durations to create a 
structure of nano-grains and nano-twins surrounded by lamellar coarse grains and 
recrystallized grains, and an optimal combination of ~1 GPa yield strength and 20% failure 
elongation was achieved. The martensite that was formed during cold roll (~25% volume 
fraction) was reversed after the heat treatment. The width of the twin bands formed were 
no larger than 75 nm, with an average of about 30 nm. Deformed samples showed no 
tolerance for significant uniform deformation until annealed for at least 10 min [131]. A 
316L SS with heterogeneous lamellar structure incorporating nano-sized twin bundles and 
ultrafine grains showed a good combination of ductility and strength; ductility because of 
the soft parts of the structure with forest dislocations, and strength because of fine grain 
size [132]. The nano-twins formed in 316L SS through dynamic plastic deformation were 
found to have a significant role in increasing the strength and toughness, especially after 
recovery/recrystallization heat treatment, the crack propagation is limited by the twin 
bundles since they can deform plastically and absorb energy. Fracture surface analysis 
shows that fine dimples are formed during failure, and are constricted by twin boundaries, 
while twin bands are “pulled out” during the fracture from the matrix [133]. In our recent 
study, we showed that deformation twin bundles ~0.5 μm wide composed of 30 nm twin 
band, are stable up to 900 °C when recrystallization starts. Then, through cyclic 
deformation-heat treatment, we increased the volume density of thermally stable 




twinned structure was found to strengthen the steel without total loss of ductility [134]. 
Byun et al. [135] studied the mechanical response of different conventional austenitic 
stainless steels, both annealed and cold worked, at different temperatures in uniaxial 
tension test, and found that strength and uniform strain decrease with increasing 
temperature. The hardening rate was found to decrease as strain increased at higher 
temperatures, but at room temperature and below, an increase in hardening was observed 
due to formation of martensite. In addition, they found out that the hardening rate and true 
stress are almost equal at the onset of plastic instability, called this value the plastic 
instability stress (PIS), and claimed that if the yield strength of cold-worked samples 
surpassed this PIS of the annealed material, necking occurs right after yielding. The 
hardening rate at necking was reported to be independent of the microstructure and pre-
strain, but sensitive to temperature [135]. 
More recently, in iron-based superalloys, nano-twins that were formed during a 
DPD process and survived annealing at 700 °C, were found to both strengthen the structure 
as well as improve ductility after the annealing due to their reduced dislocation density. 
The coexistence of nano-twins with γ’ nano-precipitates lead to better mechanical 
response. Using the Bailey-Hirsch formula, and measuring the dislocation density via 
XRD, they discovered the strengthening by dislocations decreases by almost 100 MPa 
after aging at 700 °C. The contribution of precipitates after 700 °C aging was found to be 
400 MPa. By calculating the contribution of other strengthening mechanisms, they 
estimated the role of the 50% volume fraction of nano-twins to be around 530 MPa (the 




to “the structural stability of nano-twins during precipitation”. The work-hardening was 
also found to increase due to presence of twins, and not a function of dislocation density 
[136]. In 316L stainless steel, mechanical deformation twins, grain refinement, and strain-
induced martensite caused strengthening accompanied with decent ductility, which was 
contributed to the co-existence of slightly-deformed grains with fine, twinned structure. 
This structure is believed to give rise to unusual dislocation interactions which leads to 
evolution of a back-stress field [137]. 
 
Experimental Procedure to Design The Thermo-mechanical Process for 
Increasing Twin Volume Density 
The material in this study is a commercial 316 austenitic SS. Initially, forged billets 
have been considered the as-received condition. Dog-bone shaped tensile specimens were 
cut from these billets with the gage dimensions of 8 mm × 3 mm × 1 mm using wire 
electron-discharge machining (EDM). These samples were then heat treated (HT) at 1000 
°C for 1 hr, followed by water quenching (WQ), to prepare as-annealed (AA) samples. As 
presented in the schematic graph in Figure 34, samples from AA condition went through 
a thermos-mechanical cycling process that consists of two cycles of 30% deformation at 
room temperature in uniaxial tension, followed by a heat treatment at 800 °C for 1 hr and 
water quenching. This specific process has been designed to increase the volume fraction 
of deformation twins in the steel, while decreasing the dislocation density through 
recovery [134]. Samples after this thermo-mechanical process are highly twinned, and will 




AA, were then tested in uniaxial tension test until fracture (TTF) at different temperatures. 
Uniaxial tensile tests were performed on an MTS servo-hydraulic mechanical test frame, 
with an initial strain rate of 10-3 s-1. The temperature was controlled though conduction 
from heating/cooling the grips; heating by resistive heating-bands, and cooling by passing 
liquid nitrogen through copper tubing. In order to create a more stabilized atmosphere and 
temperature, samples were covered in layers of wool glass. The temperature was 
monitored through thermocouples attached to each grip as well as the center of the tensile 
samples. Each tension test condition was performed at least 3 times, the median graph was 
selected to be presented in this work, and values were averaged with standard deviation 
considerations. Scanning Electron Microscope (SEM) images of the fracture surfaces were 
performed using a field emission FEI Quanta 600 microscope. Transmission Electron 
Microscopy (TEM) characterizations were performed using FEI Tecnai G2 F20 
microscope operated at 200 kV. The disc specimens for TEM observation were 
mechanically thinned to >50 μm, and then were prepared using a double-jet electrolytic 






Figure 34 Schematic of the process: several as-annealed (AA) samples went through a 
thermo-mechanical cycling to create a twinned structure (TW). Both AA and TW samples 
were tested in uniaxial tension test at different temperatures. 
 
The typical of AA samples and TW samples are depicted in Figure 35. Figure 35-
a, shows dog-bone tensile specimen of these two alloys, TW visibly longer than AA. 
Figure 35-b shows an SEM image of the AA structure, which consists of an equiaxed 
grains and linear voids that are possibly from the precipitates that exist in this alloy in the 
form of impurity conclusions. The grain size is ~70 µm. Figure 35-c shows a TEM 
micrograph of AA and it can be seen that the dislocating density is very low. Figure 35-b, 
on the other hand, is the SEM image of a TW sample. In this image, it can be seen that the 
same voids exists, and a structure of elongated grains with almost the same grain size is 
present. A high volume fraction of surface twins is also visible in this image. Figure 35-c 
shows the TEM micrograph of this structure accompanied with the related selected area 






Figure 35 a) tensile dog-boned specimen from as-annealed (AA) and twinned (TW) 
structure, b) SEM image of AA structure showing large equiaxed grains accompanied with 
voids from impurities, and c) TEM image of AA showing a very low dislocation density 
in multiple grains, d) SEM image of TW structure showing elongated grains with almost 
same grain size as AA and same type of voids plus a high volume fraction of twins, and 
e) TEM image of TW showing twins accompanied with f) SADF of the twin/matrix 
structure. 
 
Mechanical Response at -100 °C of Annealed and Twinned Steel 
As discussed, tension tests were performed on both AA and TW up to failure at -




true stress vs. true strain is presented. First, it can be seen that as in previous chapter, the 
TW structure has higher yield strength compared to the AA, at room temperature, as well 
as lower ductility. At -100 °C, the same trend exists but with yield strength values higher 
than those at room temperature. The values are presented in Figure 37-a. The increase in 
yield strength at both temperatures is due to TW structure formed during the thermos-
mechanical process. Figure 36-b shows the hardening curve of the AA and TW structure 
at -100 °C, and the trend witnessed is similar to what is witnessed when transformation of 
austenite to martensite under stress occurs, especially in austenitic steels [135, 138]. This 
shows that TRIP effect occurs in both AA and TW at lower temperatures. This TRIP effect 
is probably the reason for increased ductility of both AA and TW at this temperature. It is 
also the reason that the UTS of AA is almost as high as that of TW, as shown in Figure 
37-b. It is interesting that the TW structure also shows TRIP effect despite the presence of 
nano-twins and dislocations. It is also witnessed that twinning also happens in the AA 
samples at -100 °C. Figure 36-c and d show the TEM image of the AA sample after test 
at -100 °C, where a structure consisting of twins and martensite packets are observed. In 
Figure 36-e to g, twin bands from the thermo-mechanical process is observed, alongside 






Figure 36 a) True stress vs. true strain of tension tests of AA and TW at room temperature 
and -100 °C, b) hardening (dσ/dε) vs. true strain of tests at -100 °C showing TRIP effect, 
c) TEM bright field of AA samples tested at -100 °C with d) dark field of the twin bands, 
and e) TEM bright field of TW samples tested at -100 °C with f and g) two twin systems. 
 
 
Figure 37 a) Yield strength values for AA and TW at room temperature and -100 °C, b) 





Figure 38 Fracture surfaces after tension tests at -100 °C for a) AA and b) TW and the 
same at higher magnification c) and d). The fracture surfaces suggest both failures 
mechanisms were similar. 
 
Figure 38 shows the fracture surfaces of AA and TW samples after tension tests at 
-100 °C. Comparing Figure 38-a with b, it can be speculated that the fracture mechanisms 
are similar for AA and TW. Both samples show signs of void formation and coalescence. 
However, it can be said that the AA sample has a surface with dimples with two significant 




surface, as shown in Figure 38-d, which could be due to presence of twins and formation 
of martensite during tension at -100 °C. 
 
Mechanical Response at Elevated Temperatures of Annealed and Twinned Steel 
The mechanical response of the as-annealed samples (AA) and twinned samples 
(TW) after uniaxial tension test until fracture is presented in Figure 39. Figure 39-(a) 
shows the engineering stress (s) vs. engineering strain (e) of the AA samples. Similarly, 
Figure 39-(b) is the engineering stress (in MPa) vs. engineering strain of the TW samples. 
Both of these figures are drawn to the same scale, for comparison. The yield strength (YS) 
and ultimate tensile strength (UTS) values from these tests are reported in Figure 40-(a) 






Figure 39 a) Engineering stress vs. engineering strain at extreme temperatures for AA, 
and b) for TW, c) the true stress vs. true strain of AA and TW at extreme temperatures 
excluding 500 °C, d) true stress vs. true strain of AA and TW at 500 °C with a 






Figure 40 Results of tension tests of AA and TW at extreme temperatures, showing a) 
yield strength, b) ultimate tensile strength, c) uniform plastic strain, and d) toughness. 
 
It can be seen that, as a general trend, YS decreased by increasing the temperature. 
This trend, however, is different in AA compared to TW. In AA, a noticeable drop from -
100 °C to 25 °C occurs: almost 40% decrease in YS. The decline in YS continues as 
temperature is increased up to 400°C. For 500 °C, the YS is almost equal to that of 400 
°C (~100 MPa). As a matter of fact, their corresponding s-e graphs overlap almost 
perfectly, as seen in Figure 39-(a). Totally, the yield strength of AA drops by ~75% as the 
temperature is increased from -100 °C to 500 °C. In TW, on the other hand, the initial drop 
of YS is not that noticeable, almost 10% decrease in YS from -100 °C to 20 °C (vs. 40% 
of AA). As temperature is further increased, the YS keeps decreasing similar to AA, but 




temperature goes from -100 °C to 500 °C (vs. 75% of AA). Therefore, it can be said that 
the thermally stable twins in TW increase the thermal resistance of the yield strength. In 
other words, all other factors being the same, the hierarchical structure makes the steel 
stronger against increasing the temperature. It is notable that the proposed thermo-
mechanical process causes a ~70% increase in YS at -100 °C, and a ~160% increase at 20 
°C, which continuously soars up to ~320% at 500 °C, as shown by the arrows in Figure 
40-(a). The increase in yield strength caused by the process is due to three contributions: 
a shorter effective grain size because of presence of twin boundaries, a higher dislocation 
density because not all the dislocations were recovered during the recovery HT (1 hr at 
800 °C), and the changes in the texture as result of 30% deformation at room temperature 
twice. This can be presented as: 
↑ 𝑌𝑆|𝑇
𝐴𝐴→𝑇𝑊 = 𝛥(𝑘. 𝑑−𝑛) + 𝛥(𝛼. 𝜇. 𝑏√𝜌) + 𝛥(?̅?𝜏) Equation 3 
where ↑ 𝑌𝑆|𝑇
𝐴𝐴→𝑇𝑊 is the increase in yield strength due to thermo-mechanical process at 
each temperature, 𝛥(𝑘. 𝑑−𝑛) is the Hall-Petch change due to decrease in effective grain 
size based on the presence of twins, 𝛥(𝛼. 𝜇. 𝑏√𝜌) is the increase in dislocation density, 
and 𝛥(?̅?𝜏) is the change in texture of the sample, 𝑘 is the strengthening coefficient from 
the Hall-Petch equation, 𝑑 is the effective grain size, 𝛼 is a proportion constant, 𝜇 is shear 
modulus, 𝑏 is Burgers vector, and 𝜌 is dislocation density, ?̅? is the Taylor’s factor 
depicting texture, and 𝜏 is critical resolved shear stress. This equation basically models 
the yellow arrows in Figure 40-a.  More importantly, based on this model, we can see why 
this twinned, hierarchical structure is resistant against increase in temperature in terms of 




the temperature where the test was performed; it’s only due to the texture created in the 
steel due to the thermomechanical process. Also in this term, the critical resolved shear 
stress decreases as the temperature is increased. Similarly in the second to last term 
(concerning dislocation density), shear modulus decreases as temperature is increased. 
Dislocation density is also expected to decrease at higher temperatures due to recovery.  
Burgers vector magnitude may increase due to volume expansion as temperature is 
increased, but is expected to be negligible compared to other factors. As a result, it can be 
stated that the increase in yield strength in the TW structure, and the fact that this increase 
is resistant against increase in temperature (rises from 160% at 20 °C to 320% at 500 °C), 
is mainly due the effective decreased in grain size which leads to a Hall-Petch increase in 
the flow stress. In other words, the proposed thermo-mechanical process in this work can 
strengthen a structural alloy against elevated temperatures.  
As for the ultimate tensile strength (UTS), the details of which are provided in 
Figure 40-(b), it can be seen that, except the case of -100 °C which will be discussed later, 
a general and reasonable decrease in is strength is present as the temperature is increased. 
It can be said that increasing the temperature from 20 °C to 500 °C causes the UTS to drop 
by ~30% for both AA and TW. On average, an increase of 30-35% in UTS is observed as 
a result of thermally stable deformation twins. Another interesting fact about these graphs 
is the hardening behavior of the samples tested at -100°C, can be related to martensitic 
transformation. 
True stress (σ) and true strain (ε) values of the tests were calculated and plotted 




the same graph, except those at 500 °C, which overlap the corresponding curves at 400 
°C. The σ-ε curves of AA and TW at 500 °C are shown separately in Figure 37-(d). As it 
can be seen from these graphs, the proposed thermo-mechanical process increases the 
strength of the steel without a total loss of ductility. This is achieved through creating 
thermally stable deformation twins that impede with dislocation glide, while partly 
recovering the dislocations during heat treatment. Moreover, twin boundaries, based on 
their type of reactions with the dislocations (emitting sessile/ glissile dislocations or glide 
along the twin boundary) are better in maintaining ductility compared to regular grain 
boundaries [62, 83, 123, 126, 139]. The uniform plastic strain (εp
u), calculated as true strain 
up to necking minus the elastic region, is reported in Figure 40-(c). It is observed that, 
excluding AA at -100°C, as the temperature increases, the εp
u decrease rapidly at first, then 
slowly, until it reaches an almost constant value. This decrease is simply because the 
geometrical instability (necking) occurs sooner at higher temperatures. Increasing the 
temperature from 20 °C to 500 °C causes a drop of ~40% and ~60% in εp
u for AA and TW 
respectively. On average, introducing the deformation twins in the matrix, causes a 
decrease of ~70% in the εp
u. Keep in mind that this decrease in TW means necking occurs 
sooner, partly because the stress at the onset of necking is 30-35% higher than that of AA. 
It is interesting that, despite the increase in strength and decrease in εp
u, TW samples still 
show considerable measures of ductility after yielding, considering it has been reported 
that in conventional austenitic stainless steels, annealed and cold-worked then tested at 
different temperatures, “the cold-worked specimens failed by prompt necking at yield 




[135]. In other words, in tension tests at temperatures above 100 °C, since the yield 
strength of cold-worked 316LN reaches (and theoretically tends to be larger than) the true 
stress at the onset of necking of annealed 316LN, the cold-worked samples neck right after 
yield. While it can be seen that in the results obtained here, TW samples have a higher 
yield value that the UTS values of the AA in the corresponding temperatures, up to 300 
°C. Moreover, above this temperature, TW samples still show significant uniform plastic 
deformation even after their flow stress passes the maximum true stress on the AA sample 
at the same temperature. For example, at 200 °C, the AA necks at around 615 MPa, TW 
at 200 °C shows at least 6% strain after surpassing 615 MPa. This interesting feature of 
this unique TW structure could be explained through the nano-scale size of the twins as 
well as their coherency with the boundary. As explained by Lu et al. [123], if a feature 
exists in the structure which can act as a strength inducing operator (e.g. in this work 
twins) has the following three characteristics, it can lead to an optimized combination of 
strength and ductility. These features are: 1. coherency with the matrix, 2. thermal and 
mechanical stability, and 3. sizes smaller than 100nm. All of these characteristics are 
believed to present in the thermally-stable deformation twins created by the thermos-
mechanical process in this work. To complete this analysis, the toughness (a measure of 
energy absorbed during plastic deformation) was calculated by measuring the area under 
the plastic region of σ-ε curves, and reported in Figure 40-(d). The toughness continuously 
decreases as the temperature is increased, simply because both strength and uniform 
plastic strain of the steel decreases, especially in uniaxial tension test. Except -100 °C 




The true stress vs. true strain graphs of both AA and TW at 500 °C are presented 
in Figure 39-(d). Their behavior is very similar to that of their counterparts at 400 °C. The 
curves at 500 °C, however, start to show serrations which are known to be due to dynamic 
strain aging (DSA)  [140]. At a closer look, as presented in Figure 39-(e) and (f), it can be 
seen that the serrations seem to be of different types. For the AA, as shown in Figure 39-
(e), the serrations appear to be type A, accompanied by type B, as explained by Rodriguez 
[141]. Type A are repeated rises followed by drops in the σ-ε curve, which correspond to 
locking of dislocations in the deformation bands that form. Type B appear as oscillations 
due to discontinuous motion of dislocations in within a band, and usually appear alongside 
type A with increasing strain. As for TW in Figure 39-(f), the serrations appear less 
orderly; it is possible to distinguish a pattern of type A underlying, with the presence of 
type B, and even a general trend that may be considered as type D. Type D serrations are 
increases in strength followed by plateaus that are believed to be similar to Luders band 
formations. Similar behavior has been reported in tensile behavior of 316 SS at elevated 
temperatures, especially when grain size is decreased from 125 μm to 40 μm [141-144]. 
Since these serrations only appear at higher temperatures, they are unlikely to be due to 
formation of twins during deformation at such temperatures [145-147]. In this work, we 
believe that the change in the serration type is not only due to formation twin bundles with 
nano-twins (and DSA occurs preferably at boundaries at elevated temperatures [148]), but 
also the hierarchical structure, that creates general length-scales of two very different 
magnitudes (one in μm between bundles and GBs, one in nm between nan-twin bands). 




dislocations by solute atoms (C, N, etc.) or vacancies. Depending on whether the domain 
where the diffusion of these species are occurring is large or small, the rate of their 
diffusion (and thus the rate of DSA) can change. 
 
Fracture Surface of Annealed and Twinned Steel at Elevated Temperatures 
Figure 41 shows the fracture surfaces of AA and TW samples after tension tests at 
500 °C. It appears that the fracture surface of the AA samples has a general cup and cone 
shape, which can be expected since it is more ductile and can undergo significant necking. 
The neck region is also clearly visible in Figure41-a. The mechanism of the fracture 
appears to be a ductile fracture with void formation and coalescence, which is again 
expected from stainless steel at 500 °C. The voids, in different grains, have different 
orientations. As for the TW fracture surface shown in Figure 41-b, significantly smaller 
necking is observed, and the fracture surface appears to be on a flat plane perpendicular 
to the loading direction. On a closer look, however, this surface also shows dimples 
signifying ductile void formation and coalescence. Given the fact that a TW samples is 
noticeably deformed, has many microstructure features such as nano-twins and texture 
and higher dislocation density compared to AA, in addition to the fact that it fails under a 
higher stress on a sample with a thinner cross-section, it is interesting to see that the TW 
samples also fails in a ductile manner. This can also be considered as another sign of the 
optimum combination of strength and ductility imparted by the structure created through 
thermo-mechanical process. It must be noted that in a similar study [133], the twin bands 




particles which were pulled out from the surface during fracture. The twin bands in our 
work, nowhere in the temperature range tested, demonstrated a similar behavior. 
 
 
Figure 41 Fracture surface of a) AA, and b) TW samples after tensions test at 500 °C, 
both surface show dimples, while AA also has a cup-cone fracture. 
 
Hardening Rate of Annealed and Twinned Steel at Elevated Temperatures 
Figure 42 shows the hardening rate (i.e. θ=dσ/dε) of the AA and TW at 20 °C, 100 
°C, and 200 °C. For AA, a small plateau can be seen right after yielding, which can be 
attributed to primary twinning as proposed by El-Danaf et al. [96], and this plateau grow 
smaller as the temperature is increased to 100 °C and then to 200 °C, suggesting that the 




an AA samples deformed at 100 °C is presented to show that twinning does occur at this 
temperature. As for the TW, it can be seen that this plateau is more pronounced, as it 
happens at a higher stress (since yield strength of TW is higher than that of AA), while 
the hardening values are not noticeably higher for TW compared to AA. This plateau is 
believed to expected behavior for primary twinning. Especially for the TW case, the 
change in graphs as the temperature increases is similar to the behavior that De Cooman 
et al. [149] presented based on the model developed by Kim et al. [150], where a higher 
twinning kinetics (which leads to a higher volume fraction of twins) cause a larger fall-
and-rise in the hardening curve. This model is based on a dynamic Hall-Petch behavior, 
which is a direct function of mean free path of dislocations or the effective grain size 
suggested by Equation 2. It must be noted that in an attempt to discover the change in 
structure, a TW samples was tested at 100 °C up to a strain of ~3%, just beyond the fall-
and-rise response seen in the Figure 42, but no noticeable change in the structure was not 
witnessed. It is possibly because a very small fraction of twins formed during this 3% 
strain. Keep in mind that as it was shown in Figure 21, no observable twins were witnessed 
at 10% deformation for AA at room temperature, so it can be expected that a 3% strain 
doesn’t create significant twins, albeit at a much higher stress level. In addition, the fall-
and-rise depicted by Kim [149, 150] starts at 5% and finished at around 10% while in the 
case presented here, it started at around 1% and finished around 3% strain. Another 
explanation for this fall-and-rise could be based on the fact that the dislocation density has 
decreased after the last heat treatment in the thermo-mechanical process leading to TW, 




experiences a larger mean free path in some orientations, depending on the location of a 
dislocation with respect to grain boundaries and twin boundaries. Such dislocation will be 
easily mobile, especially under a stress ~400 MPa higher for TW compared to AA. This 
easy glide can potentially cause a large drop in hardening on the onset of glide. Then as 
these dislocations meet boundaries and other barriers, the hardening rate increases. In case 
of either of these reasons responsible for this behavior, the underlying cause is the unique 






Figure 42 Hardening rate (θ=dσ/dε) for a) AA vs. true strain, b) TW vs. true strain, and 
c)AA and TW vs. true stress, a sharp fall-and-rise feature in TW samples at temperatures 






Figure 43 TEM image of AA deformed to failure at 100°C, showing the SADF as the 
inset of the image corresponding to twinning and the DF image of the twins. 
 
Summary and Conclusion of Role of Thermally-stable Twins on Mechanical 
Response at Extreme Temperatures 
Based on previous results, a thermos-mechanical process was devised that creates 
a highly-twinned structure alongside a rather low dislocation density. This structure (TW), 




annealed structure (AA). At -100 °C, both structures showed martensitic transformation. 
For AA, a more noticeable TRIP effect was witnessed, compared to TW, possibly due the 
hierarchical, twinned structure. AA also showed twinning. While the yield strength of TW 
was higher than that of TW, the UTS values were quite close which in potentially because 
AA was capable of more TRIP effect. The elongation of both AA and TW were also 
similar; AA showed slightly larger ductility than TW. The surface fractures of both 
structures showed signs of ductile fracture, although TW was slightly more irregular. At 
room temperature and above, TW showed noticeably higher yield strength than AA. This 
was contributed to the unique structure produced by the thermo-mechanical process. This 
increase in yield strength appeared to be resistant against increase in temperature, which 
was contributed to mostly to presence of thermally-stable twins. The UTS values of TW 
was also larger than those of AA at every temperature. The uniform plastic strain was 
lower for TW compared to AA, although a total loss of ductility was not observed. The 
fracture surfaces of AA and TW showed that while AA undergoes a larger extent of 
necking, the fracture behavior of both structures created almost similar fracture surfaces. 
Additionally, the serration on the stress/strain graph at 500 °C was observed: for AA, they 
were typical type A and B, while for TW, they were more random, which can be due to 
bi-modal length scale of the hierarchical structure in TW. 
The high volume fraction of thermally-stable twins were found to beneficial at 
increasing the high temperature strength of steel, especially without a total loss of 
ductility. This method can be simply to any structural alloy as long as they form 




benefits in improving the creep resistance of materials, since twins have lower energy 
compared to regular grain boundaries. In addition, this method can be combined with 
precipitation strengthening. Twin bands can act as nucleation spots for precipitates [93] 
since they have a slightly higher energy level, as suggested by the recrystallization balloon 
in Figure 24. This becomes more of interest when take into account that some precipitates, 
especially intermetallics such as Laves phases that are precipitated in an alloy may over 
grow and coarsen at high temperatures during long exposures which will lead to a loss in 
mechanical strength [151]. However, if the precipitation was helped and controlled by the 
presence of a high fraction of nano twin bands and boundaries, a structure of twin 
boundaries pinned by precipitates is created which can be expected to be more thermally 
stable. In addition to high temperature applications, this method may even utilized in 







In this part, the ability of different alloys to form alumina scale will be studied. For 
an alloy to meet the criteria, it needs to be fully austenitic, with controllable precipitates, 
and preferably have low or intermediate value for SFE in order to be able to also show 
deformation twins, in addition to potentially exhibiting alumina formation.  
 
Table 3 Nominal composition of first generation alloys 
 
 
First Generation Alloys Designed Empirically 
Table 3 lists the nominal composition of the first generation alloys chosen for this 
study. Alloy 1 is based on the published literature where the alloy has been demonstrated 
to show alumina scale formation [3]. This alloy is chosen as the baseline system. Alloy 2 
is based on Alloy 1 but with lower Ni content to decrease the SFE and the cost. Mn content 
was increased in this alloy to stabilize the austenite (to compensate the reduction in Ni 
content) and reduce SFE, and Ti and V were added in order to promote the formation of 
carbides. Nitrogen was added to modify strength and SFE. Alloy 3 is basically Alloy 2 but 
with more Ni content to make certain of austenite structure. Alloy 4 is somewhere between 
316 SS (which shows deformation twinning), and Alloy 1 (which shows alumina 
formation). 
 wt% Fe Ni Cr Mn Nb Si Al Ti Mo V C N B
Alloy 1 Ba. 20 14 2 0.86 0.15 2.5 0 2.5 0 0.08 0 0.01
Alloy 2 Ba. 12 14 10 1 0.2 2.5 0.3 2.5 0.5 0.08 0.01 0
Alloy 3 Ba. 17 14 10 1 0.2 2.5 0.3 2.5 0.5 0.08 0.01 0




Alloy 1, Based on a Previously-Known Alloy 
Figure 44 is the Backscatter Electron (BSE) image of the as-received condition 
(hot forged) of the alloy. A relatively large precipitate phase with bright contrast can be 
seen in the image. This precipitate was found to be Nb carbide using WDS. In order to 
dissolve this precipitate so that we achieve a fully solutionized structure where precipitates 
can be controlled, samples were heat treated at 1200°C for 1 hr followed by water 
quenching. Figure 44-b shows that the Nb carbides still persists after this heat treatment 
and were not dissolved. Heat treatment at 1300°C could not dissolve these carbides either 
(not shown). Figure 44-c is the XRD spectrum of the heat treated alloy and it depicts the 
presence of a single austenitic phase. However, the fact that we cannot control the Nb 
carbides in this alloy is a disadvantage, because they exist in the structure in the form of 
big particles that would negatively impact the mechanical response and would not help for 
the creep resistance at high temperatures at a desired level that smaller, nano-sized 







Figure 44 Alloy 1, a) BSE image of the as-received, b) BSE image after heat treatment at 
1200°C for 1 hr followed by water quench, c) XRD of the heat treated sample. A fully 





Alloy 2 With Lower Nickel Content 
This alloy is based on Alloy 1 but with empirically lower Ni content in order to 
decrease the SFE, and higher Mn to stabilize the austenite and lower the SFE further, as 
well as nitrogen to enhance strength. The theoretically calculated phase diagram, using 
ThermoCalc, is presented in Figure 45, and it can be seen that a fully austenitic structure 
cannot be achieved, although it must be noted that these calculation may be inaccurate on 
occasions. Figure 46-a shows the OM image of the as-received condition. A dual phase 
can be clearly seen. In spite of this, in an attempt to homogenize the structure, samples 
were cold rolled to an 80% reduction in thickness (Figure 46-b). Figure 46-c is the XRD 
spectrum of this structure and presence of ferrite can be seen. Then the cold rolled sample 
was heat treated at 1200°C for 1 hr followed by water quenching, and the OM image is 
presented in Figure 47-a. The dual structure still persists in the structure and the XRD 
results (Figure 47-b) show that both austenite and ferrite exists in the structure. So it can 
be deducted that this alloy is not capable of showing a fully austenitic structure, which is 
a requirement for the alloy design. The significance of this finding lies where it pints out 
the low effectiveness of a purely empirical approach to alloy design. Moreover, the 
presence of Nb,Ti-rich carbides were confirmed in the sample using WDS, as well as the 
Nb-rich Laves phase, emphasizing the default in dissolving and controlling these 
precipitates. Therefore, based on the fact that this alloy does not meet all the criteria (not 
fully austenitic and uncontrollable precipitates exist), it is not considered as a good 






Figure 45 Phase prediction of Alloy 2 using thermodynamic calculations, a fully 






Figure 46 Alloy 2, a) OM image of as-received sample, b) OM image of the sample cold 
rolled to 80% thickness reduction, and c) XRD of the cold rolled sample. Two continuous 





Figure 47 Alloy 2, heat treated at 1200°C for 1 hr then water quenched, a) OM image, b) 
XRD. Ferrite phase still exists after the heat treatment. 
 
Alloy 3 With Higher Nickel Content 
Alloy 2 wasn’t fully austenitic, thus we added more Ni and created Alloy 3. Alloy 
3 is similar to Alloy 2, only with 17 wt% Ni contents instead of 12 wt% as in the case of 
Alloy 2. Figure 48-a shows that the as-received condition is heavily dendritic. Therefore, 
samples were cold rolled to a reduction of 80% in thickness and then heat treated at 
1200°C for 1 hr followed by water quenching. The OM image of this structure (Figure 48-
b) shows a single phase structure with noticeable amounts of precipitates. WDS (not 
shown) confirmed that two types of precipitates exist: rod-like aluminum nitrides, and 
round Nb,Ti-rich carbonitrides. The XRD (Figure 48-c) shows that the structure is fully 
austenitic. As a result, it can be deduced that due to absence of ferrite, more aluminum is 
available in the matrix and forms nitride with nitrogen. This phenomenon is not 
completely favorable because Al needs to be present in the matrix in order to form 
Alumina on the surface. In addition, this notable amount of precipitates in a water 




would prefer precipitate free solution heat treated microstructures such that the subsequent 
precipitate size and volume fraction could be controlled with proper heat treatments. 
Furthermore, cold rolled samples were heat treated at 1300° to get rid of the precipitates, 
but the OM image of the obtained structure (Figure 49-a) shows that the precipitates still 
remain in the structure, mostly around grain boundaries. Even heat treating at 1150° for 
24 hrs then water quenching (Figure 49-b) could not dissolve the precipitates. Despite the 
presence of sizeable precipitates, this alloy will be studied further for oxidation behavior, 






Figure 48 a) Alloy 3, OM image of as-received condition, b) OM image of cold rolled 
80% sample, then heat treated at 1200°C for 1 hr followed by water quenching, c) XRD 
of sample shown in b. Cold rolling + heat treatment created an austenitic matrix, with 






Figure 49 Alloy 3, a) OM image of cold rolled 80% sample, then heat treated at 1300°C 
for 1 hr followed by water quenching, b) OM image of sample heat treated at 1150° for 
23.5 hrs followed by 1200°C for 0.5 hr then water quenching. Volume fraction and size 
of precipitates have decreased. 
 
Alloy 4 Designed Between Alloy 1 and 316 Stainless Steel 
Alloy 4 has a composition between Alloy 1 (which forms alumina scale) and 316 
stainless steel (which forms mechanical twins). This alloy has half the Ni content of Alloy 
1, similar to 316 SS, and to keep SFE low. We added more Cr than Alloy 1 to get closer 
to the composition of 316 SS, but still less than that of 316 SS. Mn content was much 
higher than that for both Alloy 1 and 316 SS, to stabilize austenite. Si content was 
increased from the value of Alloy 1, but still smaller than 316 SS. Mo content is the same 
for all 3 alloys. Nb and B was removed from the composition to be similar to 316 SS, in 
addition to eliminate the possibility of forming dissoluble precipitates. Figure 50-a shows 
a BSE image of the as-received (as-cast) condition, and it can be seen that it has a dual 
phase structure. Heat treating at 1200° for 50 hrs followed by water quenching does not 
homogenize the sample (Figure 50-b). Samples were severely plastically deformed using 




quenching. This temperature was selected because based on thermodynamic phase 
diagrams, austenite has the highest fraction at that temperature (~75%). The structure 
shows a dual phase of ferrite and austenite (Figure 50-d). The reason is lack of enough Ni 
to stabilize austenite over ferrite and the additional Mn is not sufficient to stabilize 
austenite. Therefore, this alloy is not a good candidate for this study. 
 
 
Figure 50 Alloy 4, a)BSE of as-received samples, b)samples heat treated at 1200°C for 
50 hr followed by water quench, c) after ECAE at 950°C, then d) samples heat treated at 







Second Generation Alloys Designed Based on an Oxidation Model 
We have shown that the first generation alloys with the selected composition We 
have shown that the first generation alloys with the selected composition listed in Table 3 
shows no success in satisfying the all alloy design criteria, i.e. stable austenite structure, 
and controllable precipitates. As a result, new alloys were designed using the 
thermodynamic models and free energy calculations that’s supposed to be able to from 
alumina scale, while being fully austenitic. The nominal composition of this designed 
alloy is presented in Table 4, and it can be compared with the nominal Alloy 1 composition 
that should exhibit alumina formation. This alloy was fabricated 3 times to check the 
repeatability of reaching the target composition, and is shown in Table 5. In this table also 
we can see the measured composition of Alloy 1. 
 
Table 4 Nominal composition of Alloy 1 as the baseline material and the designed alloy. 
 
 
Table 5 Actual composition of Alloy 1 and the designed alloy fabricated three different 
times (three batches). Measurements were done using Wavelength Dispersive 





The as-received condition of first model alloy, PGAA2-1, shows the presence of a 
dendritic second phase. In an attempt to homogenize the structure, samples were cold 
rolled to 80% reduction in thickness, then heat treated at 1080°C for 23 hr then 1150°C 
for 1 hr followed by water quenching. The image (Figure 51) shows a high contrast BSE 
image of this structure, and a single phase structure can be witnessed. Some precipitates 
still exist in the structure. These precipitates were studied in more detail using EDS. Two 
major types of precipitates were detected: first is aluminum rich precipitates with sharp 
corners which WDS determined them to be nitrides, and the second circular precipitates 
are rich in Mn and Mo, which are probably the Laves phase. Figure 52 shows sample that 
was heat treated at 1200°C for 50 hrs followed by water quenching, in an attempt to 
homogenize the samples further. The OM image shows a single phase structure with rather 
sizeable precipitates. The EDS analysis of the location shown in the SEM image depicts 
that there exists rod-like Al-rich precipitates (Aluminum nitrides) which have evolved due 
to presence of Nitrogen impurity in the alloy. This evolution causes the Al content in the 
matrix to decrease lower than the intended value. Also Mn, Mo rich round precipitates 






Figure 51 PGAA2-1, High contrast BSE image of sample 80% cold rolled then heat 







Figure 52 PGAA2-1, heat treated at 1200°C for 50 hrs, followed by water quenching, a) 
OM image, b) SEM image and elemental maps. In the austenite matrix, rather big 
precipitates exist that are frequently AlN surrounded by Mn/Mo-rich precipitates. 
 
The as-cast PGAA2-2 alloy structure had a dual phase structure. Heat treating at 
1150°C for 72 hrs followed by water quenching still produces a dual phase structure, as 
depicted in Figure 53. Heat treating at 1200°C for 50 hrs followed by water quenching 
also has a dual phase structure (a light phase and a dark phase with compositions 
mentioned in Table 5), and the XRD analysis confirms presence of ferrite and austenite in 
the structure. The reason for the difference between the two batches of the alloy with the 
same nominal composition is the higher Al content present in the matrix in the latter batch, 
which stabilizes the ferrite. That is why two different rows for composition are reported 




difference in the results and shows the importance of the chemistry control. This dual 
phase structure is unfavorable for the set alloy design criteria, which makes this alloy unfit 
for oxidation studies. 
 
 
Figure 53 PGAA2-2, a) OM of heat treated at 1150°C for 72 hrs followed by water 
quenching, and b) BSE and c) SEM image. Dual phase structure exists: a light phase and 




PGAA2-3 was fabricated with better compositional precision, and Figure 54 shows 
the structure of this alloy after heat treatment at 1200°C for 24 hrs followed by water 
quenching. It can be seen that a single phase exists with the composition close to the model 




Figure 54 PGAA2-3 heat treated at 1200°C for 24 hrs followed by water quenching, OM 
and BSE. A fully austenitic and homogenized structure exists. 
 
Short-term Oxidation Test of Model Alloys vs. Control Alloy 
The passivation scales of conventional stainless steels (mostly chromium oxide) 
are usually unstable at high temperatures, especially in presence of water vapor, since they 
turn into volatile oxy-hydroxides. Aluminum oxide, or alumina, on the other hand, is more 
stable at such conditions, therefore, alumina-forming steels have been recently introduced 
and gained significant research interest [66, 152, 153]. The major challenge for this type 




maintaining an austenitic matrix, as Al is a ferrite stabilizer. The first successful 
implementation of Alumina-Forming Austenitic Stainless Steels (AFA-SSs) was 
introduced by Yamamoto et al. where a 20Ni-14Cr-2.5Al-1Nb AFA-SS was developed. 
This alloy forms protective alumina scale after oxidation experiments at 800°C for 72 
hours [3]. In this alloy, Ni content was kept high to counter the ferrite-stabilizing effect of 
Al [70]. Alternatively, manganese addition has been investigated as a substitute for Ni as 
an austenite-stabilizer due to its lower cost, and high-Mn alloys have been shown to form 
Mn-rich protective alumina scale after 1000 hr oxidation tests at 700 °C and 800 °C [154]. 
Since AFA-SSs, designed for high temperature applications, are expected to achieve high 
creep strength at high temperatures, various beneficial precipitates are necessary, such as 
B2-type β-(Ni, Fe)Al, L12-ordered Ni3Al precipitates, and nano-carbides, which are the 
result of the presence of constituents like Al, Nb, V, Ti, Zr, Y, Cu, B, C, etc. [73, 74, 154-
157]. These alloying elements also indirectly affect the alumina forming capability of 
these steels. For example, the presence of Ti and V in steels is detrimental to alumina 
formation [158]. Due to strong exothermic interactions with Al, they increase the required 
Al content to form alumina scale and this negatively impact the austenite stability. In 
another study, it was shown that higher Al content improves the oxidation resistance as 
expected, but not because it increases the Al content in the austenite, but instead, due to 
the formation of more B2-NiAl precipitates that act as Al reservoirs. A B2-denuded zone 
was detected [159] right below the scale after the oxidation tests, that supports this 
conclusion. Interestingly, calculated chemical compositions show that the Al content of 




Cr content in austenite increases which has been claimed to be due to the formation of Al 
and Ni rich precipitates, “effectively enriching the matrix in Cr” [159]. This Cr-enrichment 
should help with the formation of protective alumina through third-element effect. Third-
element effect suggests that in an A–B–C alloy system (if A is the most noble, B has an 
oxygen affinity between A and C, and C is the most reactive component), the addition of B 
reduces the critical concentration of C required to form an external scale of C-oxide. In this 
case,  Cr, which has an oxygen affinity between Al and Fe, decreases the required Al 
content necessary for alumina scale formation [160]. These examples point out the 
complexity of designing an alloy that eventually satisfies multiple constraints, including 
alumina formation. The presence of Nb has been reported as necessity for alumina 
formation in an alloy containing ~20wt.% Ni and 2.5-4 wt.% Al [158]. This is due to the 
positive role of Nb in promoting B2-NiAl precipitates at higher Nb contents (0.2 to 1 
wt.%), which can act as Al reservoir for alumina formation. Similarly, Nb slightly 
decreases Al solubility in austenite, and increases the relative Cr content in the matrix that 
helps with alumina formation due to the third-element effect [161]. The effect of the 
austenite composition, however, is more important in dictating the alumina formation than 
the potential role of the precipitates as the Al reservoirs [71]. On the other hand, addition 
of more than 1 wt.% Nb has detrimental effects on creep resistance, due to the stabilization 
of Fe2(Mo,Nb) Laves phases and formation of coarse, undissolvable carbides [24]. The 
alloying elements also influence the structure of the scale that forms during oxidation, 
which in turn defines the oxidation resistance. A general trend of multi-layer scale 




alloying elements. The cross-section elemental mapping of a 25Ni-15Cr-(3 to 4)Al-2.5Nb 
alloy showed a dual-layer scale: an outer oxide layer of Al,Cr,Fe,Mn,Nb and an inner layer 
of Al oxide [159]. The oxidation resistance of a 20Ni-14Cr-3Al-0.6Nb-0.1Ti AFA-SS in 
supercritical water vapor showed improvement due to formation of a multilayer scale 
which consists of an outer Fe-rich oxide (hematite) layer over an inner Al,Cr,Fe-rich oxide 
protective layer, followed by a Ni-rich layer in the bulk of the alloy [162]. Corrosion study 
on a 25Ni-14Cr-4.3Al-Nb AFA-SS in supercritical water showed that it forms a dual scale: 
an Fe-rich scale on top of a layer rich in Al-Cr; the latter layer grows at a slower rate which 
is beneficial for corrosion resistance [163]. The scale formed on a high-Nb alloy consists 
of an outer layer of Fe,Mn-rich oxide on top of a Cr,Al-rich layer [71]. Addition of Mn 
leads to the formation of a discontinuous (Mn,Cr,Fe)-rich outer scale on top of a (Al,Cr)-
rich oxide, with (Cr,Mn)-rich and Nb-rich nodules and AlN precipitates [164]. This 
general trend of multi-layer oxide formation appears to follow this order: an outer oxide 
scale rich in elements that diffuse fast to the surface and/or have a higher rate of oxidation, 
on top of an Al-rich scale that provides oxidation resistance, commonly followed by a 
denuded zone.  
In summary, addition of different alloying elements to AFA-SSs has been studied 
for their effects on alumina formation and precipitation, and it was shown that each 
alloying element imparts various complexities in the structure of the alloy/scale. In the 
present work, we investigate the oxidation response of a custom AFA-SS alloy we have 
recently designed [165]. The design framework utilized here is schematically presented in 




range of Fe-(10-20)Cr-(10-20)Ni-(0-10)Mn-(1-4)Al-(0-2.5)Mo-(0-0.5)Si (in wt.%) without 
any Nb or Ti. The goal is to keep the Ni content as low as possible while keeping the fully 
austenitic structure at room temperature. Thermodynamic calculations is then performed to 
assure a fully austenitic structure, and no sigma phase formation, using ThermoCalc® 
software through its TQ Interface that uses the databases TCFE7 and MOBFE1 for the 
prediction of the stable phases as a function of temperature. Martensite start temperature 
below room temperature was also considered as a criterion for fully austenitic structure, 
and was calculated using the Ishida model [166, 167]. Additionally, the third element 
effect considerations for the oxide formation, combined with the calculated driving forces 
for the formation of alumina scale and oxide transport properties, were employed to 
generate a design parameter that is an indicator of the alumina scale formation. The values 
of this parameter was calculated for the known AFA-SSs and for those that do not form 
alumina reported in the literature. Then, a threshold value was found empirically, based 
on the known alumina formers versus non-alumina former alloy systems. For any alloy 
proposed by the model, the value of its custom parameter must be above the threshold 
value to be considered as alumina-forming alloy. Then, the alloy composition has been 
optimized using a Genetic Algorithm based on the design procedure to have the smallest 
number of alloying elements, and lowest amount of alloying content possible in order to 
create the simplest AFA-SS that would still form alumina while maintaining the austenitic 
structure and stability. The goal was to design a low-alloyed AFA-SS that theoretically 
forms alumina scale, and the purpose of the present work is to experimentally verify the 




The samples out of both alloys were mechanically polished down to 0.25 μm. For 
the oxidation experiments, the samples were placed in a furnace in regular lab atmosphere, 
similar to the work in [3] where Alloy 1 has formed alumina scale after oxidation test at 
800 °C for 72 hours. After the oxidation test, the samples were carefully removed and 
mounted in a conductive sample holder, and mechanically polished down to 0.05 μm. 
Energy Dispersive Spectroscopy (EDS) elemental mapping and linescans, as well as 
Secondary Electron Microscopy (SEM) was performed on the cross-section of the samples 
using a Tescan Lyra SEM under a voltage of 20 kV. 
 
Alloy 1 (Control) Oxidized at 800 °C for 72 Hours 
Figure 55 shows the SEM image of the cross-section of Alloy 1, after oxidation 
test at 800°C for 72 h, together with a few of the corresponding elemental maps. It can be 
seen that an O-rich layer exists on top, which is the oxide scale. In this oxide layer, at the 
outermost exists a layer rich in Fe and Mn, which is in agreement with the multi-layer 
scale formation trend witnessed in literature. The Mn diffuses quickly to the surface and 
form an oxide, in a mixture with Fe-oxides. These oxides are non-protective at high 
temperatures. Below this layer exists another layer rich in Cr, suggesting a chromia layer, 
which is also not stable at high temperatures. Below this layer, an Al-rich layer is 
determined which is the protective alumina layer. The O elemental map shows no 
noticeable signs of internal oxidation. Further down the substrate, precipitates rich in Al 
are detected. The line shown in Figure 55-a is where EDS linescan has been performed, 





Figure 55 Alloy 1, oxidized at 800°C for 72 h: (a) SEM of the cross-section, and the 
corresponding elemental maps for (b) Cr, (c) O, (d) Al, (e) Fe, and (f) Mn. A multi-layer 
scale of Fe oxide on top of Al,Cr layers is formed. The yellow line denotes the linescan, 







PGAA2-1 Oxidized at 800 °C for 72 Hours 
Figure 56 shows the SEM image of the cross-section of PGAA2-1, after oxidation 
test at 800°C for 72 h, together with a few of the corresponding elemental maps. An oxide 
scale exists on the surface which is rich in Mn on the outmost layer, followed by a Cr-rich 
layer. The next layer is an Al layer. An Fe oxide is not apparent in the scale. Al-rich and 
Cr-rich particles exist a few microns underneath the scale. The layer rich in Al appears to 






Figure 56 PGAA2-1, oxidized at 800°C for 72 h: (a) SEM of the cross-section, and the 
corresponding elemental maps for (b) Cr, (c) O, (d) Al, (e) Fe, and (f) Mn. A Cr oxide on 
top of Al,Cr layers is formed. The yellow line denotes the linescan, the result of which are 







PGAA2-2 Oxidized at 800 °C for 72 Hours 
Figure 57 is similarly an SEM image of PGAA2-2 after oxidation test at 800°C for 
72 h, together with a few of the corresponding elemental maps. The scale is a mixture of 
Mn,Cr oxide, followed by an Al-rich layer alongside an oxide layer. This layer is also 
denuded from Mn and Cr. It is interesting that while this alloys was found to be a mixture 
of ferrite and austenite, as shown in Figure 53, the cross-section shows only a single phase 
present near the surface. It is possibly because the Al content diffuses towards the surface 
and leaves the matrix, which is austenite at 800 °C, then when cooled down, since the Al 
content is lower now, it will not turn into ferrite. It must be reminded here that the model 
that predicted the oxidation assumed that an austenite matrix is stable over all 
temperatures. 
 
PGAA2-3 Oxidized at 800 °C for 72 Hours 
Figure 58 is similarly an SEM image of PGAA2-2 after oxidation test at 800°C for 
72 h, together with a few of the corresponding elemental maps. Again, the scale layer on 
the surface is Cr/Mn oxide on the outmost followed by Al-rich layer. A much thicker oxide 
scale is visible in the model alloys. Just below the oxide layer, a thin Al-denuded layer is 
seen, which is due to outward diffusion and oxidation of Al. Further down the substrate, 
precipitates rich in Al are present, similar to other alloys, which can act as reservoirs for 
aluminum in order to maintain the alumina scale. The thick alumina scale is preserved and 





Figure 57 PGAA2-2, oxidized at 800°C for 72 h: (a) SEM of the cross-section, and the 
corresponding elemental maps for (b) Cr, (c) O, (d) Al, (e) Fe, and (f) Mn. A Cr oxide on 
top of Al oxide layer is formed. The yellow line denotes the linescan, the result of which 






Figure 58 PGAA2-3, oxidized at 800°C for 72 h: (a) SEM of the cross-section, and the 
corresponding elemental maps for (b) Cr, (c) O, (d) Al, (e) Fe, and (f) Mn. A Cr oxide on 
top of Al oxide layer is formed. The yellow line denotes the linescan, the result of which 






Figure 59 EDS scans along the lines shown in Figures 55 to 58, mapping out the elemental 
profiles after the oxidation at 800°C for 72 h. Formation of multi-layer scales can be 
witnessed in both alloys with certain similarities as explained in the text. 
 
EDS Linescans of All Alloys Oxidized at 800 °C for 72 Hours 
Figure 59 is the profile showing elemental change along the yellow lines in the 
cross-section images, obtained from EDS linescans. Carbon is presented as a measure to 
show where the epoxy finished and the sample starts. Mo exists in small quantities, but 
the linescans show a slight increase at the outmost surface for Alloy 1, possibly a mixture 
in the oxide scale. In the model alloys, Mn is deeper in the substrate, occasionally 
accompanied with Cr, and can be in form of an intermetallic precipitate. Ni appears to 
have a similar behavior in all the alloys, and probably doesn’t have an important role in 
alumina-scale formation. Si, while quite difficult to be detected by EDS, seems to be 
mostly on the surface. This can be either due to the fact that Si can diffuse quickly to the 




and sample during the polishing process. Mn, in all case, has diffused quickly to the 
surface to form the oxide, and a Mn-denuded zone is observed underneath, usually where 
Al content is high. In Alloy 1, Fe appears to exist in the outmost oxide layer, while it is 
not the case for the model alloys. This could be because either the thicker scale that is 
present in model alloys forms faster and blocks the outward diffusion of Fe, or that an Fe-
rich scale forms on the outmost but is so unstable that goes away quickly. The latter 
explanation seems less likely. As for Al, it is in the oxide scale in Alloy 1, next to Si and 
Mo, right below Fe, Mn, and then Cr, especially where an Fe-denuded zone is visible. Al-
rich particles also appear in the substrate. In the model alloys, the Al layer is a bit deeper 
simply because the scale is thicker, and not necessarily where Fe is denuded. No noticeable 
relation between Al and Si or Mo is visible. Presence of Al-rich particles in the substrate 
is present. Cr is a major component in the oxide scale in all the alloys, but in the model 
alloys a denuded zone can be seen in the oxide where the Al content is high. This is not 
the case for Alloy 1. It can be concluded that the Al layer in the model alloys has higher 
Al content than the same layer does in Alloy 1. This will also explain why an Fe oxide 
doesn’t exist in the scale of model alloys. Lastly, O shows where the oxide layer is, and in 
some case, a dual layer of Al oxide is present. 
 
Summary and Conclusion of Short-Term Oxidation Tests 
In summary, a series of custom-designed Alumina-Forming Austenitic Stainless 
Steels were exposed to oxidation experiments alongside a well-known alloy used as the 




designed based on thermodynamic calculations to have an austenite matrix, combined with 
oxide transport phenomena and third-element effect to form alumina scale, and Genetic 
Algorithm based optimization scheme (with the least-possible Ni content, no Nb, W, Ti, 
V, and Cu additions). The similarities between the two oxidation scales point to the 
conclusion that the custom designed alloys are oxidation resistance in the same manner as 
the well-known AFA-SS baseline material. These custom alloys have the smallest number 
and amount of alloying elements among the AFA-SSs reported in the literature. In 
particular, Nb, which has been deemed essential for formation of alumina scale, is not 
present in any of the custom alloys, nonetheless the alloys formed alumina scale and an 
Al-rich layer, while eliminating the potential problem of undissolvable NbC at the same 
time. Ni content is also lower than most other AFA-SS alloys, while still a fully austenitic 
matrix exists in the operating temperature, due to the extra Mn. Other expensive alloying 
elements, such as W and Hf, and Y are also absent. In general, these alloy can be 
considered as the leanest, most basic AFA-SS, and of importance as the simplest baseline 
alloys for further AFA-SS development. Effects of adding other alloying elements to this 
baseline on the oxidation/corrosion behavior can be systematically studied. Evolution and 
effect of different types of precipitates (e.g. carbides and nitrides, different Ni-Al 
precipitates facilitated by other elements) needs to be studied as well. A long-term 
oxidation test to further investigate the oxidation response will follow. This test will at the 
same condition (800 °C) for the same type of samples, only up to at least 1000 hours, 





Long-term Oxidation Test of Model Alloys vs. Control Alloy 
The alloys behavior after a short-term oxidation test was evaluated in the previous 
section, and it was found that the alloys designed the oxidation model can successfully 
form an aluminum-rich layer near the surface. The characteristics of the scale on the model 
alloys were similar to that of the control sample, with the only difference that the control 
alloy also formed an iron oxide layer on the surface. In this section, a long-term oxidation 
test will be performed on the same alloys shown in Table 4 and Table 5, in the same 
conditions described in Figure 44 and Figures 52 to 54. The oxidation test was similarly 
done at 800 °C in lab atmosphere. Two samples from each alloy was prepared in coupons 
with dimension of 15 mm by 15 mm, and 2 mm thickness. These coupons were then 
polished down to 0.25 µm diamond suspension on the top surface. During the oxidation 
test, in specific time intervals, samples were taken out of the furnace and measured using 
a delicate scale to monitor the change in their masses. After the 1000 hours of the test, one 
sample from each alloy was cut in half and mounted in conductive epoxy and polished for 
microstructural studies using SEM and EDS, the results of which will be presented in the 
following chapters. 
The results of mass change for all the alloys are presented in Figure 60. As it can 
be seen, the control alloys behave in a significantly different manner. The show a 
noticeably larger changes in mass, a loss in mass in this case. It is interesting to note that 
all three of the model alloys don’t show a significant change in mass change compared to 
the control alloy. It must be added that the mass change value for the model alloys are the 




As for the control samples represented in Figure 60, the mass change of each sample is 
plotted individually. A significant difference in the values of the mass change in observed 
even between the two samples of control alloy, despite them being identical initially. This 
points out a mechanism is at work which is very sensitive to sample variety. Concerning 
the noticeable mass loss for control alloys, based on the results obtained in the previous 
section, it can be deduced that the iron oxide that forms in this alloy is spalled off the 
higher temperatures at longer times, which leads to the mass loss. There is a possibility 
the scale that forms on this alloy is not as protective as the scale formed on the model 
alloys. It could be either because the scale is too thin at some point or even discontinuous. 
Such phenomenon can lead to a larger oxidation rate and a larger mass loss. It must be 
added that while the control alloy samples show different values for mass changes, the 
trend is similar, so a common mechanism is at work for both samples. 
Figure 61 shows the mass change only for the model alloys, in smaller scales than 
Figure 60. The error bars in the graph depict the standard deviation of the mass change 
values obtained from measuring the two coupons from each alloy, and they show that both 
coupons for each alloy behave very similar and there is very little inconsistency. Keep in 
mind that the scale used here is in the order of milligrams on a surface of 225 mm2 for 
each coupons. It is interesting to witness that although the model alloys were all quite 
close in chemistry, and their oxide scale after 72 hours were also very similar, their 
oxidation behavior is different, especially during the initial hours of oxidation. Figure 62 
shows the mass change behavior for the model alloys up to 80 hours, corresponding the 




in mass, signifying that a fast-growing scale is formed then spalled off, then its mass 
gradually increases. PGAA2-2 shows very similar behavior only smaller values of mass 
change. PGAA2-3, on the other hand, shows a mass gain, implying the formation of an 
oxide that is not spalled off. All three alloys appear to be constant in mass after the very 
first few hours of oxidation up to 80 hours, representing the similar scales shown in 
Figures 56 to 58. 
 
 
Figure 60 Mass change for all the alloys in the long-term oxidation test at 800 °C. The 
model alloys are average values of two samples, and the values for the control sample 






Figure 61 Mass change of only the model alloys on smaller scales, showing the standard 
deviation after averaging values of mass change for each alloy. 
 
Back on Figure 61, the oxidation is observed to cause mass gain in all of the alloys, 
after the initial states of oxidation. It is noticed that this mass gain is very insignificant to 
the mass loss observed in the control alloy. The trend of the mass changes of the model 
alloys share similarities, for example all three alloys experience a small and sudden 
increase in mass at ~650 hours, followed by a momentary dip then the gradual increase. 
This can be used to deduce that the mechanisms active in the oxidation of these alloys are 
similar, passed the initial few hours. Finally, it appears that PGAA2-1, even though 





Figure 62 Mass change of only the model alloys on smaller scales, and only up to 80 
hours, in correspondence with the cross-section data presented in Figures 56 to 58. 
 
Alloy 1 (Control) Oxidized at 800 °C for 1000 Hours 
The SEM image of the cross-section of Alloys 1 after oxidation at 800 °C for 100 
hours is presented in Figure 63. Please note that the magnification of this micrograph is 
higher than that of Figure 55. The elemental maps produced by EDS are also presented. It 
can be seen a rather thin layer of oxide exists on the surface, mostly rich in Aluminum. 
An Al-denuded zone is witnessed underneath the scale. Precipitate containing Al, and 
Mo/Nb in other cases, are presented deeper in the substrate. The presence of a thin oxide 
scale consisting of only Al may be reason for the large mass loss of this alloy, which is 





Figure 63 Alloy 1, oxidized at 800°C for 1000 h: (a) SEM of the cross-section, and the 
corresponding elemental maps for (b) Cr, (c) O, (d) Al, (e) Fe, and (f) Mn. A very thin 
scale of Al oxide formed that appears discontinuous at some locations. The yellow line 




PGAA2-1 Oxidized at 800 °C for 1000 Hours 
The SEM image of the cross-section of PGAA2-1 after oxidation at 800 °C for 
1000 hours is presented in Figure 64. The elemental maps produced by EDS are also 
presented.  A much thicker scale is observed on top of this alloy. A denuded zone followed 
by a precipitated zone is similarly visible. The oxide layer is mostly rich on Cr and Mn on 
the outermost of the scale, with small hints of Fe on the outer part of the scale layer. An 
Al-rich oxide exists underneath this layer. Followed by a denuded zone on top of the 
precipitation layer. It is very interesting to witness that the Fe-oxides and Mn-oxides are 
still present on the surface after 1000 hours. These oxides are expected to be instable at 
elevated temperatures and be spalled off. Two possible reasons may be suggested. It is 
possible that such scales are spalled off at more aggressive environments, such as present 
of water or other oxidizing species. However, the Mn/Fe oxides that were present on the 
Alloy-1 scale after 72 hours are spalled off after 1000 hours in the same environment. 
Another possible reason is that due to a higher outward diffusion of aluminum compared 
to oxygen, since it was a criterion used by the model to design the alloy, this alloy is still 
in the earlier stages of alumina-scale formation, i.e., the outer parts of scale rich in Fe and 
Mn have not spalled off yet. It is possible that even after longer periods of testing at the 
same condition, they will not spall off because the mass change trend doesn’t change 
noticeably as seen in Figure 60. It can be concluded that the scale formed on top of a thick 






Figure 64 PGAA2-1, oxidized at 800°C for 1000 h: (a) SEM of the cross-section, and the 
corresponding elemental maps for (b) Cr, (c) O, (d) Al, (e) Fe, and (f) Mn. A Cr/Mn-rich 
oxide exists on the outermost with traces of Fe, followed by an Al-rich oxide layer. The 




PGAA2-2 Oxidized at 800 °C for 1000 Hours 
The SEM image of the cross-section of PGAA2-2 after oxidation at 800 °C for 
1000 hours is presented in Figure 65. The elemental maps produced by EDS are also 
presented.  This figure also depicts that a thick oxide layer has formed on the sample. This 
oxide is also rich in Mn and Cr, and similar to PGAA2-1, the Cr is more present deeper in 
the scale. The denuded zone and the precipitation zone appear deeper in this alloy, hinting 
that the diffusion occur faster. It must be reminded that, as presented in Figure 53, this 
alloy’s initial condition was a mixture of ferrite and austenite, and depending on the 
diffusion of different species in austenite vs. ferrite, the mechanisms of oxidation might 
be different initially. However, as it was previously suggested, the diffusion of Al toward 
the surface at the early stages of oxidation leads to a lower Al content in the matrix right 
below the scale which is in favor of austenite stability. While the austenite is the stable 
phase at high temperatures, the samples are repeatedly cooled down to room temperature 
for mass measurements and heated back up. No noticeable evidence can be seen in these 
images that lead to a reason why PGAA2-1 initially shows a larger dip in mass change 






Figure 65 PGAA2-2, oxidized at 800°C for 1000 h: (a) SEM of the cross-section, and the 
corresponding elemental maps for (b) Cr, (c) O, (d) Al, (e) Fe, and (f) Mn. A thick Mn/Cr 
oxide layer exists on top of an Al-rich layer. The yellow line denotes the linescan, the 




PGAA2-3 Oxidized at 800 °C for 1000 Hours 
The SEM image of the cross-section of PGAA2-3 after oxidation at 800 °C for 
1000 hours is presented in Figure 66. The elemental maps produced by EDS are also 
presented. The oxide scale, similar to the two previous model alloys, is mostly Cr/Mn on 
the outer, followed by an Al-rich oxide layer. The layer thickness appears smaller than 
those of PGAA2-1 and PGAA2-2. The denuded zone is smaller and shallower than that of 
PGAA2-2 but similar to PGAA2-1. The precipitate layer is also shallower compared to 
PGAA2-2, and similar to PGAA2-1. This could be due to the austenite stability in 
PGAA2-1 and PGAA2-3. Since the thickness of the scale layer is smaller for PGAA2-3 
compared to the other model alloys, it may be considered as a possible reason for this alloy 
to have the largest mass gain shown in Figure 61. 
In general, the cross-section structures of the model alloys do not look noticeably 
different, despite their dissimilarities in their initial condition. This could also be reason 
for their similar oxidation behavior as represented by their mass change in Figure 60, and 
the fact that compared to the control alloy, these model alloys demonstrate a higher 






Figure 66 PGAA2-3, oxidized at 800°C for 1000 h: (a) SEM of the cross-section, and the 
corresponding elemental maps for (b) Cr, (c) O, (d) Al, (e) Fe, and (f) Mn. The oxide scale 
is Mn/Cr then Al, and not as thick. The yellow line denotes the linescan, the results of 





EDS Linescans of All Alloys Oxidized at 800 °C for 1000 Hours 
Figure 67 is the profile showing elemental change along the yellow lines in the 
cross-section images, obtained from EDS linescans. Please not that these lines are 
approximately twice the length of the lines from the previous section. Carbon is presented 
as a measure to show where the epoxy finishes and the sample starts. Mo exists in small 
amount in the alloys, and not usually in the scale. Its content increases after 10-15 micron 
into the surface, for model alloys, denoting where the denuded zone is. Some peaks in Mo 
is observed which occurs when the linescan goes over a precipitate. Ni is also not present 
in the scale and has a small increase when after the denuded zone. It can be seen that some 
Ni-rich precipitates exist in the bulk of the alloy, usually also rich in Al and low Fe, 
implying a Ni-Ti intermetallic. In some spots along the lines, an increase in Ni is 
coinciding the Fe, but it is possibly mere due to the presence (or lack of) of other elements. 
Si mostly exists at the surface, either in form of impurity from the polishing, or since it 
diffused rapidly to the surface during oxidation. In some cases, it exists with Mn and/or 
Mo, probably in the form of precipitates shown in Figure 52. Mn is slightly higher in the 
scale for the control alloy, then slightly lowers as it reaches the denuded zone and the bulk, 
but for the model alloys, it usually is in outmost part of the oxide scale. A denuded zone 
of Mn is slightly visible, which can possibly be due to the presence of higher contents of 
other alloy. Occasionally, a Mn-rich precipitate is detected. Fe is slightly present in the 
oxide layer of the control alloy, possibly causing the significant mass loss of this alloy, 
especially since Fe content is not as high as it is after 72 hours shown in Figure 52. Fe 




the scale is mainly Mn/Cr-rich. The Fe content starts to rise as Mn/Cr is substituted with 
Al in the oxide scale, then reaches its maximum in the bulk of the material. Drops in Fe 
content in the bulk is witnessed when a region, probably a precipitates, rich in other 
elements are detected. Al exists in the oxide scale of the control alloy, not homogenously, 
usually where Mn is also high and Fe is low in content. Its content drops after the oxide 
scale and a few peaks for Ni-Ti precipitates are detected. In the model alloys, Al also exists 
alongside oxygen in the oxide layer, but starts to increase as Mn and Cr content decreases. 
Again Al-rich precipitates are detected in the substrate. Cr content in the oxide layer of 
Alloy 1 is smaller than the bulk, but it noticeably exists in the oxide of the model alloys. 
The Cr content slightly increases as the Mn content slightly decreases, and drops down 
when Al shows up in the scale of the model alloys. No Cr-rich particles were detected in 
the linescans although in the maps, some Cr-rich particles are visible deeper into the bulk 
of the material, especially for PGAA2-1 and PGAA2-3 which are fully austenitic. Finally, 
the oxygen profile shows that the thickness of the oxide layer in the control alloy is about 
5 µm. The thickness is about 12 µm, 22 µm, and 15 µm in PGAA2-1, PGAA2-2, and 
PGAA2-3, respectively. The O profile in the model alloys usually shows a higher oxygen 
region followed by a lower oxygen region. If this fact is used to assume that the oxidation 
process of Al underneath the Mn/Cr oxide is not fully completed, this may point to a lower 
oxidation mechanism in the model alloys, which could justify their lower mass changes 






Figure 67 EDS scans along the lines shown in Figures 63 to 66, mapping out the elemental 
profiles after the oxidation at 800°C for 1000 h. Formation of multi-layer scales can be 
witnessed in both alloys with certain similarities as explained in the text. 
 
Summary and Conclusion of Long-Term Oxidation Tests 
The long-term oxidation tests were performed on the same alloys in the similar 
condition as the short-term tests. Two samples out of each alloy was prepared and placed 
in the furnace at 800 °C for up to 1000 hours. Samples were removed periodically and 
measured using a scale to monitor the mass change. After the completion of the oxidation 
test, samples were cut in half and mounted and studied using electron microscopy to 
investigate the scale layers that have formed. The mass change vs. time for the alloys show 
that the samples from the control alloy demonstrate a significant mass loss, meaning that 
an unstable form of oxide forms continuously on the surface and spalls off, causing the 
constant mass loss. Based on the observations of the oxide scales that form during the 




iron-rich oxide forms in the control alloys that does not in the model alloys, and this scale 
is unstable at high temperatures and long durations, and spalls off. The mass change up to 
80 hours of the test is not significantly larger for Alloys 1 compared to the model alloys, 
but it continuously decreases in a faster rate than the model alloy. It is possibly because 
Fe (or other elements such as Mn) keeps diffusing to the surface to form an unstable oxide 
and then spall off. It was also witnessed that while the trend of mass loss in both samples 
of Alloy 1 showed similarities, the values in the mass loss were noticeably different for 
the two samples, so it can be concluded that the mechanism responsible for the loss of 
mass in the control alloy may depend on other parameters such as homogeneity of the 
alloying elements. The mass change of the model alloys were noticeably smaller than the 
control alloy, and the values for both samples of each alloy were quite consistent. PGAA2-
1 showed an initial mass loss, but continued into mass gain, and ended with the smallest 
change in mass after 1000 hours. Cross-section images of the sample after the oxidation 
showed that the scale on the control alloy is significantly smaller than those of the model 
alloys. Also, the oxide layer of the control alloy had higher contents of Fe and lower Cr 
compared to the model alloys, which could be the possible reason for the larger mass loss 
of this alloy. The scale in the model alloys were a Mn/Cr-rich oxide on the outmost part 
of the scale, followed by an Al-rich part. The configuration of the oxide scales were quite 
similar in the model alloys, despite their initial differences, which explains why their 
behavior is quite similar at the later stages of oxidation. 
In conclusion, the results showed the model alloys demonstrate a higher oxygen 




significant if tested under more aggressive oxidation condition, it was found out the basic 
ideas that the model used for designing these alloy (which are models based on the 
thermodynamics and kinetics of the oxidation), were successful at understanding and 
predicting the oxidation behavior. As mentioned in the previous section, the model alloys 
have smaller alloying elements compared to other alumina-forming steels present in the 
literature. Alloys proposed by this model can be considered the “leanest” alumina-forming 





SUMMARY AND CONCLUSIONS 
The purpose of this work was to find a way to improve the high-temperature 
performance of 316 austenitic stainless steel. This quest was driven by the need for a high-
temperature structural alloy which is also inexpensive. Such an alloy may find applications 
in many industrial fields, especially in power production. This high-temperature 
performance expected of such an alloy can be divided into mechanical strength and 
oxidation resistance. Austenitic stainless steel is good candidate based on its performance 
at intermediate temperatures, and the promise of improvement at higher temperatures. For 
improving the mechanical strength, barriers to dislocation motion (or creep mechanisms) 
needs to be created in the steel which are stable and effective at elevated temperatures. As 
for the oxidation resistance, it has been proposed that aluminum oxide, as opposed to 
chromium oxide on conventional stainless steels, is more stable and protective at higher 
temperatures, and therefore, alumina-forming austenitic stainless steels have been 
proposed. In this work, we hypothesize that if such an alloy exists and shows this high-
temperature performance, it must have four microstructural features: 1. an austenite matrix 
for high-temperature stability and strength, 2. high volume fraction of low-energy high-
angle grain boundaries to (e.g. coherent twin boundaries) increase the strength at high 
temperature without total loss of ductility, 3. precipitates that are stable and controllable 
at high temperatures to pin these boundaries and grain boundaries and impede with 
dislocation glide, 4. alumina scale on the surface for oxidation resistance. But it is unlikely 




contradictory. For example, addition of aluminum to from alumina may stabilize ferrite 
over austenite, increase SFE and make twinning impossible, and create uncontrollable 
precipitates. However, we would like to investigate whether these features in a 
hypothetical steel is even beneficial to the high-temperature performance. In other words, 
we are going to investigate whether: A) Thermally-stable deformation twins contribute to 
high-temperature strength, and B) There is a way to model the oxidation and design 
suitable alumina forming austenitic stainless steels. 
For the first part, a thermo-mechanical cycling process was designed and 
performed on 316 austenitic stainless steel in order to create a high-volume fraction of 
deformation twins, which are thermally-stable up to 100 °C, in an austenite matrix with 
relatively low dislocation density. Fully annealed samples (AA) and highly twinned 
samples (TW) were tested at extreme temperatures (-100 °C to 500 °C) and results were 
compared. It was found out that the hierarchical structure created by this process improved 
the mechanical strength at all temperatures, without a total loss in ductility. Particularly, 
it was found out that the relative increase in the yield strength due to this unique structure 
increased as the temperature increased, and the increase in strength showed a peculiar 
strength against increase of temperature. It was later deduced that, among the contributions 
of all the structural elements present, the role of thermally-stable twins is the most helpful 
in enhancing high-temperature strength. In addition, it was discovered that this structure 
increases the flow strength beyond the ultimate tensile strength, without the total loss of 
ductility, unlike the usual strengthening effect of conventional cold-working. The fracture 




experiences smaller necking, the microstructure of the surface is not significantly different 
from the fully annealed structure. This unique structure is expected to perform well under 
creep condition, and benefit immensely from precipitation strengthening, especially where 
the precipitates coarsen in conventional matrices. 
As for the oxidation resistance, in collaboration with a computational alloy design 
group, an oxidation model for the alumina-forming austenitic steels was developed based 
on the thermodynamics and kinetics of the oxidation. An optimized alloy was prosed based 
on the model that has the lowest amount of alloying compared with the other alumina-
forming steels in literature. Alloys based on the model was ordered and produced from 
different producers with slightly different chemical compositions that, in some case, cause 
unfavorable conditions for the alloys. In other to compare the oxidation resistance, a 
control alloy was also produced based on the chemical composition of an alumina-forming 
steel in the literature already demonstrating successful alumina-formation. The control 
alloy and the model alloys were tested at 800 °C for 72 hours, where the control alloy had 
already demonstrated alumina-formation. The cross-section EDS data of the control alloy 
showed that it has a scale consisting of Cr, Mn, Fe, and Al oxides, while the model alloys 
had a thicker scale, with Mn and Cr richer on the top, followed by an Al-rich layer. This 
structure of the model alloys were consistent with the predictions of the model. A long-
term oxidation test was performed at the same condition except for 1000 hours instead of 
72. The control alloys showed a significant and inconsistent mass loss during the 
oxidation, while the model alloys demonstrated a much smaller change in mass, with 




change could be due to the lack of Fe in the model alloys based on the short-term results, 
or because the control alloy has a thinner (and possibly discontinuous) alumina scale. The 
initial differences in the oxidation trend of the model alloys could be due to their initial 
structure because of their small differences in chemistry. Similarly, the cross-sections of 
the samples after the long-term oxidation test were studied. The control alloy showed a 
thinner scale consisting mainly of Al/Mn oxides, while the model alloys had thicker layers 
of Mn,Cr oxides on top of Al-rich layers. Based on these findings, it could be said the 
scale formed on the model alloys are either more stable (and protective), or the kinetics 
and rate of the oxidation of the model alloys are significantly slower than the control alloy. 
In conclusion, it was deduced that the model was successful at predicting the oxidation 
behavior and designing the “leanest” alumina-forming austenitic stainless steel. This alloy 
(and the oxidation model) can be used as a basis for further studies in this group of steels. 
At the end of it all, when looking at the mechanical response and the oxidation 
behavior of the austenitic steels in perspective, it appears unlikely that we can combine 
the aspects of thermally-stable twins and a chemistry capable of alumina-scale formation. 
While the change in SFE is difficult to calculate or even monitor, it is expected that the 
addition of Al to the steel increases the SFE beyond the limits of twin formation. However, 
if there exists a small window where the proposed hypothetical alloy can be found and 
produced, the methodology presented in this work would be the best road map to achieve 
the end. Our best bet to create such an alloy is to use the oxidation model to find an alloy 
chemistry that is capable of alumina-scale formation alongside appropriate fractions of 




following the same principle for creating a high volume density of thermally-stable twins 
in a matrix that the model has predicted to be fully austenitic, finished by a heat treatment 
to form the precipitates on the twin to make both the particles and the boundaries more 
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